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Abstract 
This thesis covers some critical aspects of bulk ultrafine/nano grained metals 
and metallic multilayered structures produced by severe plastic deformation. It 
includes the bond strength of the various metal multilayers, preparation of 
Ti/Al multilayers through accumulative roll bonding (ARB) and the kinetics of 
intermetallic compounds formed at the interface of Ti/Al multilayers. In 
addition, a bulk ultrafine/nano grained Ti produced by cold rolling/cryorolling 
and the nanograin formation mechanism during shear localisation in cold-
rolled Ti were also studied. 
Commercial Ti with a multimodal grain structure was successfully produced 
using cryorolling, followed by low temperature annealing. The multimodal 
grain structure shows co-existing high yield strength of 943 MPa, uniform 
elongation of 11% and total elongation of 24%. The mechanisms contributing 
to the enhancements of strength and ductility were investigated and discussed. 
The microstructure evolution within the shear localisation areas formed in 
commercial Ti subjected to cold rolling was investigated in detail. Sheared 
micro-regions are first initiated followed by the formation of distinct 
microscopic shear bands, which gradually grow and coalesce to form a 
macroscopic shear band. The latter contains thin lath structures in the boundary 
regions, fine elongated subgrains in the outer areas and roughly equiaxed 
grains with a mean size of 70 nm in the centre region. The early stage of shear 
localisation involves the formation of twin/matrix lamellae aligned along the 
shear direction. The lamellae subsequently undergo longitudinal splitting into 
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thin laths, which are in turn subjected to transverse breakdown, giving rise to 
fine elongated subgrains. The continuing thermally-assisted lath breakdown, in 
conjunction with lateral sliding and lattice rotations, ultimately leads to the 
formation of roughly equiaxed, nanosized grains in the macroscopic shear band 
centre at large strains. 
The bond strength of various metal multilayers produced by cold rolling of 
metal foils with different thermal conductivity was investigated. Results 
indicate that the metallic multilayer system with low thermal conductivity 
exhibits relative high bond strength while high thermal conductivity metal 
system may fail to be roll bonded. The relationship between the deformation-
induced localised heating and the bond strength were discussed. 
Ti/Al multilayered composite mainly composed of ultrafine equiaxed grains 
with mean size of 200 - 300 nm has been successfully synthesised by ARB.  It 
was found that high strain rate, strain path and low thermal conductivity of 
titanium are critical factors for the formation of ultrafine equiaxed grain in 
Ti/Al multilayered composite during ARB process. 
The solid-state reactions of Ti/Al multilayers produced by ARB were studied. 
The kinetics of the formation of the intermetallic compound TiAl3 was 
highlighted. Experimental evidence and analysis of the data shows that, there is 
a two-stage process in the formation of TiAl3 in the ARB Ti/Al reactive 
multilayered samples. This is similar to the results found in Ti/Al thin-film 
  
 
iii 
 
diffusion couples. Calorimetric and microstructural analyses also suggest that 
the interdiffusion of Al and Ti which leads to solid solutions preceded the 
formation of the intermetallic compounds. Isothermal differential scanning 
calorimetry (DSC) tests showed a larger Avrami constant in the ARB Ti/Al 
multilayered structures than was found in Ti/Al thin film samples. A modified 
model based on thin film samples was set up to describe the kinetic 
characteristics of the formation of the intermetallic compound TiAl3 in ARB 
processed samples. 
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C H A P T E R  O N E  
Introduction 
1.1 Thesis objective 
Severe plastic deformation (SPD) process is defined as metal forming process 
in which an ultra-large plastic strain is introduced into the bulk metal in order 
to create an ultrafine grained (UFG) metal [1-5]. The main objective of SPD 
process is to produce high strength and lightweight parts with low 
environmental impact [6-8]. Accumulative Roll Bonding (ARB) is one of the 
SPD techniques capable of creating bulk ultrafine/nano grained materials and 
metallic multilayers. 
Over recent years, ARB has been successfully used to produce multilayered 
structures in bimetal systems, including Al-Cu, Cu-Ag, Al-Al (Sc), and Al-Pt 
etc. However, to date there has been little work conducted on the Ti-Al system 
by ARB which would appear to offer great potential as individually these are 
two of the lightest weight strutural materials. However, the difference between 
the hexagonal crystal structure of Ti and the face-centred cubic (fcc) Al can be 
expected to influence the deformation processes during ARB and the 
microstructure evolution in the Ti-Al system might thus be significantly 
different compared to the systems with only cubic crystal structure metals, e.g. 
Al-Cu and Al-Al (Sc). Solid state reactions of deposited multilayered Ti/Al 
thin films leading to the formation of equilibrium and metastable titanium 
aluminide phases have been characterised extensively in the past. The phase 
reactions occurring in the Ti/Al multilayers prepared by ARB are expected to 
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differ significantly from Ti/Al thin films produced mainly by electron-beam 
evaporation technique.  Compared to deposited thin films, the thickness of the 
ARB multilayered structure is not uniform, and so it is difficult to define the 
bilayer thickness (modulation wavelength) precisely. A large number of grain 
boundaries, sub-grain boundaries, dislocations, as well as high strain are 
introduced into the ARB multilayered foils. The deformation-induced mixing 
process at the interface boundaries is expected to more significant than in 
deposited thin films. In principle, crystal defects and stresses will influence the 
growth kinetics of diffusion couples and the sequence of phase formation. 
Ti alloys have great potential for applications in the aerospace industry because 
of their light weight and excellent mechanical properties. A few successful 
examples of the excellent strength and ductility in bulk UFG Ti were recently 
reported. However the structural features responsible for these results are still 
not well understood. There are numerous reports available in the literature on 
the grain refining mechanism in fcc metals produced by rolling and other 
quasi-static deformation modes. In contrast, such investigations on hexagonal 
Ti processed by heavy rolling deformation at room temperature, or below, are 
at present rather scarce and significantly less detailed, in particular when these 
mechanisms involve mechanical twinning.  
This thesis studies some critical aspects of bulk UFG Ti produced by cold 
rolling/cryorolling and Ti/Al multilayered structure prepared by ARB. 
Quantifying and understanding the bulk multimodal grain structure Ti, 
nanograin formation mechanism during shear localisation in cold-rolled Ti, the 
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bond strength of the various multilayers, Ti/Al multilayers produced by ARB 
and kinetics of reactions at the interface of Ti/Al composite are main elements 
of this thesis. 
1.2 The outline of the work 
This research work consists of eight chapters as follows: 
Chapter Two presents a brief overview of the recent progress made in SPD 
methods, the mechanical properties of bulk metals produced by SPD, the grain 
refining mechanisms in SPD deformed metals, deformation induced and 
structure transformation of metallic multilayers and the kinetics of intermetallic 
compounds formed between multilayered interfaces. 
Chapter Three investigates the preparation of a multimodal grain structure Ti 
using cryorolling, followed by low temperature annealing. The multimodal 
grain structure Ti shows coexisting high yield strength and ductility. Factors 
leading to the simultaneous high strength and ductility are examined. 
Chapter Four examines the microstructure evolution and grain refining 
mechanism within the shear localisation areas formed in commercial titanium 
subjected to cold rolling.  
Chapter Five focuses on the bond strength of various metal multilayers 
produced by cold rolling of metal foils with different thermal conductivity. 
In Chapter Six, a Ti/Al multilayered composite mainly composed of ultrafine 
equiaxed grains has been successfully synthesized by ARB. The factors 
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contributing to the formation of equiaxed grains in the Ti/Al multilayers were 
investigated. 
Chapter Seven studies the solid-state reactions of the Ti/Al multilayers 
produced by ARB. The kinetics of the formation of the intermetallic compound 
TiAl3 is highlighted. Experimental evidence and analysis of the data shows that 
there was a two-stage process in the formation of TiAl3 in the ARB processed 
Ti/Al reactive multilayered samples. A modified model based on thin film 
samples was used to describe the kinetic characteristics of the formation of the 
intermetallic compound TiAl3 in ARB processed samples. 
Chapter Eight draws together the results of obtained from the previous five 
chapters to develop the conclusions from this work.  Some suggestions for 
future work are also presented in this chapter. 
 
 
 
 
C H A P T E R  T W O  
 
5 
 
C H A P T E R  T W O  
Literature Review 
2.1 Introduction  
In recent years, bulk ultrafine equiaxed (UFG) and nanocrystalline (NS) materials 
processed by methods of severe plastic deformation (SPD) have attracted increasing 
interest from researchers in materials science [1]. This interest is based not only by 
the unique physical and mechanical properties inherent to various UFG and NS 
materials, e.g. processed by gas condensation [2,3] or ball milling with subsequent 
consolidation [4,5], but also by the advantages of SPD materials compared to other 
UFG and NS materials. In particular, SPD methods can overcome a number of 
drawbacks such as the residual porosity in compacted samples and the impurities from 
ball milling. The principle of processing of bulk UFG and NS materials using SPD 
methods is an alternative to the existing methods of nanopowder compacting. 
SPD is defined as a metal forming process where very large plastic strain is imposed 
on a bulk material in order to make an ultrafine grained or nanograined metal [6]. The 
structures formed from SPD are ultrafine grained or nanograined structures of a 
granular type containing mainly high angle grain boundaries (HAGBs).  The formation 
of such nanostructures has been achieved by SPD methods that provide very large 
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deformations at relatively low temperatures under high pressures [7,8]. Special 
methods of mechanical deformation have been developed based on this principle. 
These include severe torsion straining under high pressure, equal channel angular 
pressing/extrusion (ECAP/ECAE) and accumulative roll bonding (ARB).  
This chapter reviews the severe plastic deformation processes used to create bulk 
metals with ultrafine/nano grains and metallic multilayers. In the following section, 
the main SPD processes are reviewed and the properties of bulk metals processed by 
SPD processes are summarised; the grain refining mechanisms of metals deformed by 
SPD are also presented. In particular, the multilayered metallic structures processed 
by accumulative roll bonding (ARB) are discussed in detail. 
2.2 Methods of severe plastic deformation 
Equal channel angular pressing (ECAP), high pressure torsion (HPT) and 
accumulative roll bonding (ARB) are the most well-known SPD methods that provide 
large plastic deformations and formation of ultrafine and nano grained structures. In 
the following, these methods are each discussed. 
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2.2.1 Equal channel angular pressing (ECAP) 
ECAP was first proposed by Segal in 1977 in order to create an ultrafine grained 
material [6,9]. Although ECAP is generally applied to solid metals, it may also be 
used for consolidation of metallic powder. Kudo and coworkers [7-8] employed 
repetitive side extrusion with back pressure to consolidate a pure aluminum powder. 
In the 1990s, developments of ultrafine grained materials were carried out with this 
method by Valiev et al. [6-8]. 
The schematic representation of the ECAP process is shown in Fig. 2.1. The specimen 
is side extruded through the shear deformation zone with the dead zone in the outer 
corner of the channel. When the work piece is side extruded through the channel, the 
total strain is given by: 











 ++




 +=
22
seccos
22
cot2
3
1 ϕφϕϕφε                                                                  (1) 
where φ  is the angle of intersection of the two channels and φ is the angle subtended 
by the arc of curvature at the point of intersection. When φ  = 90
o and φ = 0o, the total 
strain from the above equation is ε = 1.15. After n passes, the total strain becomes n × 
ε. Fig. 2.2 shows the fundamental process of metal flow during ECAP [9]. The 
channel is bent through an angle equal to 90o and the specimen is inserted within the 
channel and can be pressed through the die using a punch. There are four basic 
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processing routes in ECAP. In route A, the specimen is pressed without rotation, in 
route BA the specimen is rotated by 90o in an alternate direction between consecutive 
passes, in route BC the specimen is rotated 90o counter clockwise between each pass, 
and in route C the specimen is rotated by 180o between passes. From these 
macroscopic distortions, shown in Fig. 2.2b, the influence of the processing route on 
the development of an ultrafine grained microstructure can be considered [10,11]. For 
example, Horita and co-workers [9] reported that the ultrafine grained microstructure 
of pure aluminium after 10 passes in route A was the same as that after 4 passes in 
route BC. The application of all three routes results in an increase in values of yield 
stress and strength of a processed material which after several passes achieve 
saturation [6]. In [8] it was also shown that the first three passes at ECAP of Cu and 
Ni samples lead to a growth in the load. Further, there is a stable stage of 
strengthening and the load almost does not change. 
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Fig. 2.1 Schematic representation of ECAP process [9]. 
 
(a) 
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(b) 
Fig. 2.2 Fundamental process of metal flow during ECAP: (a) The deformation of a 
cubic element on a single pass [10]. (b) Shear characteristics for four different 
processing routes [11]. 
2.2.2 High pressure torsion (HPT) 
The HPT process was first investigated by Bridgman [13], though the microstructure 
change taking place in severely deformed metals in his experiments was not 
considered. Another implementation of HPT was carried out by Erbel [14]. Recently, 
Valiev et al. examined the HPT process using devices under high pressure as shown 
in Fig. 2.3 [13,15-30]. The design is a further development of the Bridgman anvil type 
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device. In this device, a very thin disk is compressed in a closed die by a very high 
pressure. The torque is provided by the punch with contact friction at the interface 
between the punch and disk. The strain in torsion is given by: 
l
nrr πγ 2)( =                                                                                                                   (2) 
where r is the distance from the axis of the disk sample, n the number of rotation and l 
the thickness of the sample. The equivalent strain according to the von Mises yield 
criterion is given by: 
3
)()( rr γε =                                                                                                                    (3) 
This method has the disadvantage that it utilizes specimens in the form of relatively 
small discs and is not available for the production of large bulk materials. Another 
disadvantage is that the microstructures produced depend on the applied pressure and 
the location within the disc. In order to solve the problem, Horita and co-workers 
developed an HPT process for use of the bulk sample [22]. This process is designated 
as Bulk-HPT for comparisons with conventional Disk-HPT. The severe plastic torsion 
straining (SPTS) process can also be used for the consolidation powders using a 
similar apparatus [31-33]. By using this process at room temperature, disk type 
samples with a high density close to 100 % were obtained. The SPTS consolidation of 
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powders is an effective technique to fabricate metal-ceramic nano-composites with a 
high density, ultrafine grain size and high strength. 
 
Fig. 2.3 Schematic illustration of the thin-disc HPT process [34]. 
2.2.3 Accumulative roll bonding (ARB) process 
2.2.3.1 The principle of ARB 
The ARB process was first developed by Saito et al. [35-37]. The principle of ARB 
process is represented systematically in Fig. 2.4 [37]. The process is simple. The roll 
C H A P T E R  T W O  
 
13 
 
surface is carefully cleaned and a strip of the metal is rolled to 50 % reduction, 
usually without a lubricant. After rolling, it is cut into two parts, cleaned very 
carefully and stacked, one on top of the other part, resulting in a strip whose 
dimensions are practically identical to the starting work piece. The stacked sheets are 
rolled again to 50 % reduction and the two sheets are cold bonded during the rolling 
pass while creating bulk material. Hence, ARB is not only a deformation process but 
also a roll-bonding process. After the second pass, the process is repeated and 
continued until edge cracking is severe, such that the resulting product may not be 
usable . To achieve good, strong bonding, surface treatments such as degreasing with 
a non-greasy detergent and wire brushing, preferably using stainless steel brushes, of 
the sheet surface are done before stacking. Rolling at elevated temperature assists 
joining and workability, though too high temperatures may cause recrystallisation and 
remove the accumulated strain. Therefore, the rolling (roll bonding) in the 
accumulative roll-bonding process is preferably carried out at “warm” temperatures. 
Research indicates that the process may be repeated numerous times and while rolling 
strips of several layers, the occurrence of edge cracking, if not eliminated completely, 
is reduced in a significant manner. 
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The strain after n cycles of the ARB process can be expressed as:  
)1ln(
3
2ln
3
2
0
r
t
t
−==ε                                                                                            (4) 
where t0 is the initial thickness of the stacked sheets, t the thickness after roll-bonding 
and r the reduction in thickness per cycle. 
 
 
Fig. 2.4 Schematic representation of ARB process [37] 
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2.2.3.2 The role of shear strain in grain refinement by ARB 
The distribution of the shear strain across the thickness of ARB processed aluminium 
sheets was quantitatively evaluated by Lee et al. [38,39]. With an increasing number 
of ARB cycles, the amount of shear strain and the number of shear strain peaks 
increase and the distribution of shear strain became more complicated. It was clearly 
demonstrated that shear strain greatly affects the grain refinement by ARB. The 
distribution of the shear strain across the thickness of the sheets was found to 
correspond to the grain size distribution. The role of shear strain in grain refinement 
was considered from the viewpoints of equivalent strain, strain gradient and strain 
path [38]. 
2.2.3.3 Bond strength of multilayers produced by ARB 
The strength of the bond is a critical factor for successful fabrication of 
nanocrystalline or ultrafine grained structure by ARB [37,40,41]. It has been 
established that the bonding temperature is an important parameter influencing 
adhesion of roll bonding metals. Nicholas and Milner [42] revealed that the threshold 
deformation, the required minimum deformation to create a sound bond, decreases 
with increasing rolling temperature. Tsuji [40] reported that the threshold deformation 
under a rolling temperature less than half the homologous melting point is about 50 % 
strain during ARB. Quadir et al. [43] investigated the relationship between bond 
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strength and rolling temperature using fracture principles. It was found there is a 
definite increase in bond strength with increasing rolling temperature. 
2.2.3.4 Multilayered metallic composites produced by ARB 
ARB can be used to produce multilayered composites due to the relatively simple 
processing and can use low cost materials as the sheets [44]. Cu-Ag  [47] eutectic 
alloy, multilayered staked sheets of Cu/Zr [187], multilayered composite Al/Cu were 
successfully produced using ARB and all these composite show extremely high 
strength and but relatively poor ductility. In this process two strips of similar or 
dissimilar metal layers are rolled together for several passes. For the same metal 
layers processed by ARB, it has been known that the imposed severe plastic 
deformation results in grain subdivision and the formation of low-angle ones, 
followed by the formation of the ultrafine grains with more equilibrium (ie high angle) 
grain boundaries [45]. For dissimilar metal layers, theoretically, ARB is expected to 
realize the bonding by cyclic rolling and to introduce fine grains in both the 
reinforcing metal and a matrix by severe plastic deformation. The macroscopic 
multiple necking and rupture at metallic multilayers by the deformation method 
involving macro and micro structural studies of multilayered metal systems of a soft 
phase embodied a hard phase inside, have shown that the structural formation of such 
systems is more complex than single metal systems. Generally, during co-deformation 
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of dissimilar metal systems, plastic instabilities in one of the layers occurs earlier, and 
as strain increases, the harder layer experiences necking and premature fragmentation 
[37,45-47]. 
However, to date the range of bimetallic systems that have been studied is limited and 
has generally focussed on the combination of metals with a same crystal structure (eg 
FCC metals). 
2.2.4 Other severe plastic deformation process 
2.2.4.1 Cyclic extrusion compression (CEC) 
The schematic of the cyclic extrusion compression (CEC) process is shown in Fig. 2.5 
[48]. In the CEC process, a sample is contained within a chamber and then extruded 
repeatedly backwards and forwards. This process was invented to allow arbitrarily 
large strain deformation of a sample while preserving the original sample shape after 
several passes. Since the billet in the CEC process is compressed from both ends, a 
high hydrostatic pressure is imposed. The extrusion–compression load becomes high 
so that special pre-stressed tools are required, or the tool life is short. This process is 
better suited for processing soft material, such as aluminium alloys.  
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2.2.4.2 Cyclic closed-die forging (CCDF) 
The schematic illustration of the CCDF principle is represented in Fig. 2.6 [49-51]. A 
billet is first compressed in the vertical direction and then in the horizontal direction. 
The equivalent strain per operation is given by: 
     
W
Hln
3
2
=ε                                                                                                    (5) 
where W is the width of specimen and H the height of specimen.  
 
Fig. 2.5 Schematic of cyclic extrusion compression [48] 
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Fig. 2.6 Schematic of cyclic closed-die forging [51] 
2.2.4.3 Linear flow splitting (LFS) 
The principle of the LFS process is shown in Fig. 2.7 [52,53]. A metal sheet is 
compressed between the splitting roll and the supporting rolls. Under this state of 
stress two flanges are formed into the gap between the splitting and the supporting 
rolls. The material flow is mainly associated by a surface enlargement of the band 
edge where several hundred percent of plastic strain occur. As a consequence, the 
outer surface areas of the flanges consist of ultra-fine grained metal.  
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Fig. 2.7 Schematic of linear flow splitting [52] 
2.2.4.4 Incremental bulk forming processes 
The application of incremental bulk forming processes with high deformation for 
grain refinement in the sub-micrometer range was investigated by Neugebauer et al. 
[53]. A specific aspect of this approach was the opportunity to create an altered 
structure in the surface region, keeping the lower region or core unchanged. The 
incremental forming method of spin extrusion as shown in Fig. 2.8 was used to create 
cup shaped or tube shaped parts from solid billets. The hollow shape is created by the 
concurrent partial pressure of three rolls on the surface of the workpiece and the 
pressure of the forming mandrel acting in the axial direction. The material flows 
axially and a cup wall is created between the forming tools [54]. 
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Fig. 2.8 Schematic of spin extrusion [53] 
 
2.2.5 Concluding remarks 
Methods of SPD should meet a number of requirements which are to be taken into 
account when developing them to form nanostructures in bulk materials. These 
requirements are as follows. Firstly, it is important to obtain ultrafine-grained 
structures with a large fraction of high-angle grain boundaries since only in this case 
can a major change in properties occur. Secondly, the uniform formation of 
nanostructures within the whole volume of a sample is necessary to provide stable 
properties for the processed materials. Thirdly, though samples are exposed to large 
plastic deformations they should not have any mechanical damage or cracks. 
Traditional methods of SPD such as rolling, drawing or extrusion cannot meet these 
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requirements. The formation of nanostructures in bulk samples is impossible without 
the application of special deformation mechanical schemes that provide large 
deformations at relatively low temperatures. At present the majority of results 
obtained are related to two SPD application methods: ECAP and HPT. However, 
these processes have two main drawbacks. Firstly, forming machines with large load 
capacities and expensive dies are required for these processes. Secondly, the 
productivity is relatively low and the amount of material produced is very limited. 
Therefore these processes are thought to be inappropriate for practical application, 
especially for large-sized structural materials such as multilayered sheets. ARB is an 
alternative novel SPD process for bulk material and multilayered structure 
manufacturing at high productivity [37,40,41]. The advantage of this process against 
other SPD processes is its high productivity and the feasibility of large sized material 
production. It is suggested that the application to bulk materials such as wide strips in 
a coilis not possible. The process does not require any special machines because the 
roll-bonding is widely adopted in clad metal production [37].  However, there are still 
a number of issues to be resolved around the nature of materials that can be processed 
by this route and also what are the factors that determine whether a material couple is 
suitable for this process. 
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2.3 Mechanical properties of metals produced by SPD 
SPD-processed metals normally have ultrafine grained structures or nanograined 
structure that cannot be obtained through conventional thermo-mechanical processing. 
As a result, the SPD metals exhibit unique and excellent mechanical properties, such 
as high strength, compared to the conventional materials having a coarse grain size of 
over several tens of microns. The results of investigations concerning the mechanical 
behaviour of ultrafine grained /nanostructured metals and alloys processed by SPD 
methods are given in the following section. 
2.3.1 Strength 
Grain size is known to have a significant effect on the mechanical behaviour of 
materials, in particular the yield stress. The yield strength of polycrystalline metals is 
generally observed to increase as the grain size decreases according to the empirical 
Hall-Petch (H-P) relationship [55,56]: 
2/1
0
−+= kdy σσ                                                                                                            (6) 
where d is the grain diameter, yσ is the yield strength, and 0σ and k are material 
dependent constants. A physical basis for this behaviour is associated with the 
difficulty of dislocation movement across grain boundaries and stress concentration 
due to dislocation pile-up [57].  
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Based on Eq. (6), metals with ultrafine grains should be much stronger than their 
coarse-grained counterparts. Indeed, extremely high strength and hardness have been 
observed in metals processed by SPD, where strength and hardness increase with 
decreasing grain size. A number of studies have been conducted on the strength and 
ductility of various kinds of metals processed by various SPD processes, where the 
SPD-processed materials generally have very high strength compared with 
conventional metals. Fig. 2.9 illustrates a general tendency of the change in strength 
and ductility after SPD. The strength of the materials continuously increases with 
increasing applied strain and then gradually saturates. However, one point should be 
noted, the yield strength in ultrafine grained /nanostructured metals processed by SPD 
varies substantially depending on the nature of the grain boundaries, even when the 
grain size remains the same, thus it is necessary to consider the role of the grain 
boundary structure in investigation of the H-P relationship [6,57]. 
The application of severe plastic deformation in alloys can provide even higher 
strength properties due to the concurrent formation of nanostructures and metastable 
structures during subsequent aging. For example, aluminium alloy 1420 (Al-5.5%Mg-
2.2%Li-0.12%Zr) was sequentially processed by quenching, severe torsion straining 
and aging at 208 oC. The temperature of aging was chosen to concurrently preserve 
the small grain size and provide precipitation of fine dispersed particles of second 
C H A P T E R  T W O  
 
25 
 
phases. Structural investigations of the alloy after quenching showed the absence of 
second phase particles. At the same time it was revealed that the mean grain size of 
the aluminum base matrix alloy was about 10 μm [58] and the microhardness of the 
samples after quenching was 540 MPa [58]. 
 
Fig. 2.9 Illustration of the general tendency of the change in strength and ductility 
after SPD [58]. 
2.3.2 Ductility 
The ductility of a metal is usually defined as the ability to plastically deform without 
failure under a tensile stress [57]. In addition to ultrahigh strength, which is a desired 
and expected benefit of SPD processed metals, reasonably good ductility is another 
attribute that SPD processed metals are required to possess for them to be competitive 
as new structural materials. It is evident that, in general, the ductility of high strength 
SPD metals is much lower than their conventional microcrystalline (mc) counterparts. 
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As illustrated in Fig. 2.9, the ductility drops greatly with a relatively small strain, and 
then maintains a nearly constant value, or slightly decreases, as the strain increases. 
A major factor limiting the uniform tensile elongation is the tendency for plastic 
instability, such as shear band formation or necking. Localized deformation modes 
such as these may occur in the early stages of plastic deformation due to the decreased 
strain hardening capacity, whereas a reasonably high strain hardening rate is required 
to stabilize the tensile deformation at stress levels that prevail in high-strength SPD 
processed metals [59,60]. The strain hardening capacity of SPD processed metals is 
not expected to be very large as their extremely small grain size makes it difficult to 
store dislocations. It is expected that any improvements of the strain hardening will be 
beneficial to enhancing the homogeneous plastic deformation for SPD processed 
metals. 
When UFG/NS structures are used as the base system into which other 
microstructural features are introduced by SPD, including grains or twins of varying 
length scales, second phase particles, deformation-induced phases and non-
equilibrium grain boundaries, the ductility can be improved and optimized via a 
number of ways [59]. These approaches often involve microstructures in the 
nanoscale regime. There has been exciting recent progress in developing SPD 
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processed metals that offer not only high strength but also good ductility. Wang et al. 
[61] reported that cryorolling of Cu followed by low temperature annealing resulted in 
a bimodal grain size distribution, with micrometer-sized grains embedded inside a 
matrix of nanocrystalline and ultrafine grains, which led to an improved combination 
of strength and ductility. It is believed that the matrix grains (< 300 nm) impart high 
strength and the inhomogeneous microstructure induces strain hardening mechanisms 
that stabilize the tensile deformation, leading to a high tensile ductility [61]. Thus, a 
bimodal or multimodal grain size distribution is a possible means to increase ductility. 
Non-equilibrium grain boundaries [62] have also been proposed as a mechanism to 
enhance ductility. It has been argued that such boundaries provide a large number of 
excess dislocations for slip [63] and can even enable grains to slide or rotate at room 
temperature, leading to a significant increase in the strain hardening exponent. 
2.3.3 Strain hardening 
Nanocrystalline and ultrafine grained metals produced by SPD cannot generally 
sustain uniform tensile elongation. Low strain hardening behavior has been observed 
for samples processed by both ECAP and powder consolidation [64]. In tensile 
deformation, it is usually observed that the engineering stress-strain curve peaks at 
small tensile strains and is immediately followed by a rapid decrease as the localized 
deformation results in catastrophic failure at an accelerated speed. Several reports 
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show virtually no strain hardening after an initial stage of rapid strain hardening over 
a small plastic strain regime (1-3 %) which is different from the response of coarse 
grained polycrystalline metals [65-69]. The absence of strain hardening causes 
localized deformation. Necking and shear bands are observed in most cases where 
there is a severe case of instability [68,69]. 
2.3.4 Strain rate sensitivity 
The engineering parameter measuring strain-rate sensitivity, m, is commonly defined 
as: 
..
,)log/()log( Tm εεσ ∂∂=                                                                                            (7) 
where σ is the flow stress and 
.
ε  the corresponding strain rate. The exponent m, in a 
m.
εσ type relation, is one of the key engineering parameters for controlling and 
understanding the deformation in metals. For example, a highly strain rate sensitive 
material is expected to resist localized deformation and hence be ductile, and in the 
extreme case of very high rate sensitivity, the material will be super-plastic.  
Recent experiments have probed the strain-rate sensitivity of ultrafine grained and 
nanocrystalline metals produced by SPD, and revealed obvious and interesting 
differences from the behaviour known for conventional metals. With decreasing grain 
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size, an increase in m has been found to be common for fcc metals. However, the m 
reduced with decreasing the grain size for bcc nanostructured metals [70,71]. The 
overall strain-rate dependence of a material is influenced by dislocation activity, GB 
diffusion, and lattice diffusion [72-76]. Generally the contribution from lattice 
diffusion is negligible at room temperature. For nanostructured fcc metals, the rate-
controlling process is the cutting of forest dislocations, resulting in a low strain-rate 
sensitivity. With decreasing grain size into the submicrometer and nano regimes, 
forest cutting mechanisms reduce as now it is the large number of GBs and/or 
subgrain boundaries that serve as obstacles to dislocation motion. The rate-limiting 
process is increasingly influenced by dislocation–GB interactions [72]. It should be 
noted here, in this thesis, the term “grain” is defined as a three dimensional crystalline 
volume within a polycrystalline material that differs in crystallographic orientation 
from its surroundings above 15 degree, and the term “subgrain” is defined as the 
portion grain with an orientation that differs slightly from the orientation of 
neighbouring portions within the same grain. 
2.3.5 Fatigue 
Fatigue is the cyclic mechanical behaviour of materials, and an increase in strength of 
metals and alloys in the nanostructured state allows one to expect an increase in 
fatigue strength as well. In the nano and ultrafine regimes, grain refinement by SPD 
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was found to result in the following two trends: (1) higher fatigue endurance limit 
caused by the elevated strength due to grain refinement; and (2) deteriorated fatigue 
damage tolerance, especially in the low stress intensity range [58,77]. The fatigue 
fracture resistance was considered to be related to the possible microstructure-driven 
crack path changes due to the grain size changes [78]. 
2.3.6 Superplasticity 
Superplasticity of materials is a phenomenon of very high ductility providing 
hundreds and thousands of percentage elongation during tension which is observed in 
microcrystalline materials with a grain size being usually less than 10 µm and 
deformed in a definite temperature-strain rate interval [79,80].  
The application of SPD techniques for processing of ultrafine grained structures 
provides an opportunity to attain enhanced superplasticity in a number of alloys. 
Nanocrystalline alloys exhibit enhanced superplastic behaviour, but this behaviour is 
connected with significant strain hardening that is caused by a change in deformation 
mechanisms, probably due to a difficulty of dislocation accommodation of grain 
boundary sliding in small grains [81]. High superplastic properties revealed in sub-
microcrystalline alloys processed by SPD depend not only on the small grain size, but 
also on the type of micro or nanostructure formed during processing [6]. 
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2.3.7 Concluding remarks 
The central message of this section is that recent research has established a group of 
ultrafine grained or ns metals produced by SPD that exhibit extraordinary mechanical 
properties. They have impressive strength and can be at least a factor of five higher 
than their conventional coarse-grained counterparts. Meanwhile, they possess 
considerable ductility in tension. The resistance to fracture, certain fatigue properties, 
wear resistance, etc., are superior to coarse-grained metals. This is, obviously, cause 
for optimism: ultrahigh strength nc/ns metals are becoming practically useful for 
structural applications, if the processing barriers (such as throughput and the 
production cost) can be overcome. However, there are also many outstanding 
questions remaining to be answered. The measures developed so far to improve and 
optimize mechanical properties of ultrafine grained or nc metals are not yet fully 
understood. More in depth quantitative analyses are clearly needed. First, it remains to 
be seen how universal the observed effects of sample quality would be on strength, 
ductility and fatigue properties. Second, only a few model fcc metals, notably Cu, Al 
and Ni, have been investigated in any detail. Metals of other crystal structures (e.g. 
bcc, hcp) have been explored to a far lesser degree, let alone ultrafine/ns alloys that 
would be more useful in engineering applications. Third, several intriguing responses, 
different from coarse-grained metals, such as the higher strain rate and temperature 
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dependence, the localized deformation modes such as shear banding [118,165], and 
the work hardening behavior of materials produced by SPD, require systematic 
studies to establish their origins. Fouth, it is important to experimentally track the 
detailed fracture initiation and growth in bulk nc materials.  
Finally, ways to improve the fatigue properties of nc materials need to be explored, 
such as how the plastic strength gradient (caused by modulating the grain size 
distribution) would influence/ benefit fatigue performance. The possibility of unstable 
microstructures produced by SPD will undoubtedly discourage their practical use. 
Clearly, the mechanical behaviour observed has to do with the unusual grain refine 
mechanisms operative during SPD deformation. This is covered in the following 
section. 
2.4 Grain refining mechanisms of metals by SPD 
2.4.1 Deformation microstructures 
The common feature typical for all nanostructured materials processed by SPD is high 
internal stresses and distortions of the crystal lattice. The fact that the level of internal 
stress is high, while the density of lattice dislocations inside grains is often 
insignificant confirms that non-equilibrium grain boundaries are sources of these 
stresses. HRTEM observations of grain boundaries provide evidence for their specific 
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defect structure in nanostructured materials due to the presence of atomic steps and 
facets and grain boundary dislocations (GBD). In turn, high stresses and distortions of 
the crystal lattice lead to the dilation of the lattice with changes of interatomic spacing, 
and significant static and dynamic atomic displacements which have been 
experimentally observed by X-ray and Mössbauer investigations [6]. 
The deformation microstructures by SPD are characterised based on a typical 
deformation structure which is subdivided by dislocation boundaries and high-angle 
boundaries. Both types of boundaries are rotational boundaries with a misorientation 
angle that typically increases and a spacing which decreases with increasing strain due 
to the continuous accumulation of dislocations in the structure [82]. Many of the 
deformation-induced dislocation boundaries at large strain develop into high-angle 
boundaries (θ > 15o) with a frequency that increases with the strain. These 
characteristic changes are common to a broad range of fcc and bcc metals and alloys 
deformed by a variety of SPD [82]. The structural parameters are typically the 
boundary spacing and angle, the boundary plane and the macroscopic orientation of 
the boundaries.  
In the analysis of such parameters a number of guidelines may be applied. One is the 
LEDS hypothesis [83], namely that dislocation structures approach configurations of 
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minimum energy per unit length of dislocation line. Other guidelines are the principle 
of similitude [83] and the scaling hypothesis [84,85]. An analysis may also include 
modelling of active slip systems in grains of different orientations [86,87] and of 
deformation textures [88]. 
2.4.2 Grain refining mechanism of the grain scale >100 nm 
Deformation microstructures produced by cold rolling represent structural length 
scales >100-200 nm. With a medium to high strain a lamellar structure forms, 
composed of extended boundaries, or geometrically necessary boundaries (GNBs) 
parallel to the surface and interconnecting boundaries or incidental dislocation 
boundaries (IDBs) [82]. An analysis of structural parameters has shown universality 
in their evolution from low to high strain through [82], 
(i) Scaling of GNB and IDB spacing and IDB angles.  
(ii) A misorientation angle–strain dependency when GNBs and IDBs are analysed 
separately.  
(iii)A power-law relationship between the surface area of GNBs and IDBs, 
respectively, and the equivalent strain εVM . 
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The mechanism governing deformation-induced grain refinement above 100-200 nm 
is believed to be dominated by dislocation activities, including dislocation 
multiplication and interaction, and the formation of various dislocation configurations 
including geometrically necessary boundaries (GNBs) and incidental dislocation 
boundaries (IDBs) [89]. Apparently, formation of these dislocation boundaries 
originates from the fact that dislocation glide is the dominant deformation mode in 
most metals when deformed at conventional strain rates (<100 s-1) and at ambient 
temperature, as applied in various SPD processes [90]. 
2.4.3 Grain refining mechanism of the grain scale <100 nm 
The deformation microstructures produced by HPT are in the structural length scales 
of > 50 nm. Structures produced by HPT of Ni, deformed for the strain range εVM = 1-
300, contained a lamellar structure of extended and interconnecting boundaries [91]. 
In the low strain range εVM = 1-12, the microstructure is quite similar to that observed 
in samples deformed by rolling and torsion. As the strain increases to εVM = 12-300, 
the lamellar structure is in some regions replaced by equiaxed crystallites and twins. 
That only a few deformation twins are observed is in accord with observations of Cu 
(99.9 %) deformed by HPT to εVM = 113 [92]. However, both the density of 
dislocations and twins can increase significantly as the stacking fault energy (SFE) is 
reduced through additions of 10 and 30 wt.% Zn [92]. 
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Deformation twinning is another important deformation mode in metallic materials. In 
some metals and alloys (e.g. fcc and bcc metals with low stacking fault energies 
(SFEs) or some hcp metals), deformation twinning instead of dislocation slip, 
becomes the preferred mode of plastic deformation, especially at higher strain rates 
and/or at lower temperatures when the critical shear stress for twinning is lower than 
that of dislocation slip. Plastic deformation of these materials may firstly lead to the 
formation of multiple deformation twins in coarse grains rather than dislocation 
structures. These twins play a crucial role in subsequent structural refinement of the 
materials, as evidenced in the samples processed by SPD at high strain rates and/or 
low temperatures, especially under deformation by mechanical attrition treatment 
(SMAT) [93,94] and dynamic plastic deformation (DPD) [89,95].  
Experiments have shown that high rate deformation may lead to the formation of 
multiple deformation twins within coarse grains even in those fcc metals with medium 
SFEs such as Cu. The twin density may be so high that the average spacing between 
neighbouring twin boundaries (TBs) is as small as in the nanometer regime. This 
means the original 3-dimensional (3D) coarse grains are subdivided into 2D 
twin/matrix (T/M) lamellae with a nanoscale thickness. Further straining leads to 
refinement of the T/M lamellae into equiaxed grains with sizes in the nanometer 
regime. Apparently, deformation twins govern the deformation-induced grain 
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refinement under 100 nm. The deformation twinning can be regarded as a precursor 
process to nanoscale refinement of coarse grains by SPD [96]. 
2.4.4 Effect of SPD condition 
Deformation conditions have a pronounced effect on the grain refinement mechanism. 
For fcc metals, plastic deformation is accommodated by means of two competitive 
modes: dislocation slip and deformation twinning. For most materials, deformation by 
twinning and dislocation glide takes place simultaneously. However, the balance 
between these processes shifts depending on the material and process parameters. 
Consequently, the operating mechanism for the strain-induced structural refinement in 
fcc metals is controlled by material parameters and deformation conditions such as 
strain, strain rate and temperature. Taking Cu as an example, grain refinement is 
dominated by the dislocation mechanism at conventional strain rates (< 100 s-1) and at 
ambient temperature. For samples deformed at a strain rate higher than 103 s-1 and at a 
temperature lower than 200 K, structural refinement is dominated by the twinning 
mechanism with  most refined grains are formed via deformation twinning [96]. 
By using the Zener-Hollomon parameter, which combines the effects of strain rate (
.
ε ) 
and temperature (T) according to the equation )exp(
.
RT
QZ ε=  (where R is the gas 
constant and Q is the related activation energy for deformation; Q is related to GB 
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diffusion), an obvious transition in the dominant refinement mechanism was found 
with an increasing Z. When coarse-grained Cu is deformed with lnZ < 50, most 
refined grains are formed via dislocation activities and separated by conventional 
high-energy GBs. When lnZ > 50, most grains are refined via nanoscale twins, and 
therefore the average GB energy becomes much lower. The evident drop in GB 
energy at the critical Z* value, corresponding to an obvious increase in volume 
fraction of nanoscale twin bundles formed in the deformed sample, indicates a 
transition in the dominant refinement mechanism from dislocation activities to a 
deformation twinning mechanism [97]. 
The twinning behaviour is controlled by the applied shear stress, and hence depends 
on the degree of plastic strain. While few twins were formed in Cu deformed by HPT 
at a low strain rate and ambient temperature, a high density of nanoscale twins has 
been found in volumes between deformation-induced dislocation boundaries in the 
sample with an increased strain due to high flow stress [98]. This observation 
indicates an enhanced twinning tendency at larger strains. Previous measurements 
also showed that the average thickness of T/M lamellae (or the average spacing of 
neighbouring TBs) decreases with increasing plastic strain, saturating at a certain 
value. In the Cu Zn [99] and Cu–Al alloys [100], the saturated T/M lamellar thickness 
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is smaller in the samples deformed at higher rates or at lower temperatures (larger Z 
values). 
2.4.5 Effect of material parameters on the grain refinement 
mechanism by SPD 
SFE is a crucial parameter determining the deformation mechanism upon plastic 
deformation of fcc metals. Twining tendency increases significantly with a reduction 
of SFE. Hence, deformation of low SFE materials (such as Cu-Zn alloys) is normally 
dominated by twinning even at low strain rates or at high temperature, while that of 
high-SFE materials (such as pure Al) is dominated by dislocation activities even at 
very high strain rates and at low temperatures. For fcc materials with medium SFEs 
(such as Cu) either mechanism is possible, depending upon the deformation 
conditions. The critical Zener–Hollomon parameter, Z*, designating a critical strain 
rate and a critical temperature at which a dislocation-to-twinning transition appears in 
the dominating refinement mechanism, is sensitive to SFE. It is reasonable to 
anticipate that Z* increases with an increment in SFE. For those metals with low 
SFEs, structural refinements could be dominated by the mechanism via deformation 
twinning even under low Z deformation. But for those high SFE metals, the twinning-
dominated refinement mechanism might be active only under high Z deformation. For 
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those metals with very high SFEs, such as pure Al, the Z* value might be too high to 
be reached under conventional deformation conditions [96]. 
Grain size is another important structural parameter influencing twinning in fcc 
metals. Reducing grain sizes of deformed materials to the submicron or nanoscale 
would facilitate twinning relative to dislocation activities as nucleation and slip of 
dislocations might be effectively suppressed. This argument is consistent with 
observations that deformation twinning occurs in nanograined pure Al, as 
demonstrated experimentally [101,102] and from molecular dynamic simulations 
[103]. However, in electrodeposited Ni samples that had undergone cryogenic 
deformation, with decreasing grain size twinning was first promoted and then 
hindered, showing an inverse grain size effect [104]. This evidence implies that with a 
reduction in grain sizes, refinement via deformation twinning might be more likely to 
be dominant relative to dislocation activities.  
2.4.6 Concluding remarks 
The central message of this section is that, with recent advances in experimental 
studies (especially HRTEM investigations on microstructure), the grain refinement 
mechanisms and their relative importance during SPD are being identified. An 
analysis of active deformation mechanisms is a crucial step in clarifying the hardening 
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behavior of ultrafine/ns metals produced by SPD and to allow relationships to be 
formulated between the macroscopic mechanical properties and microscopic 
structural parameters. For example, the strong evidence for dislocation glide being the 
dominating mechanism in combination with the observed structural subdivision by 
dislocation boundaries and high-angle boundaries has led to the suggestion that both 
dislocation and boundary hardening are important strengthening mechanisms in 
metals deformed from medium to very large strains. This suggestion is supported by 
the good agreement between measured and calculated values for the hardening rate 
and the flow stress for Fe and Ni at structural length scales >50 nm [82]. For samples 
where both dislocation glide and twinning are active deformation mechanisms, 
boundary strengthening will include contributions from grain boundaries and twin 
boundaries, both acting as obstacles to dislocation glide. In addition, the presence of 
bundles of fine T/M lamellae is supposed to raise the strength of such samples; an 
example is Cu deformed by DPD [89] with an average boundary spacing of 80 nm 
which has a yield stress 50% above that found for Cu samples cold-rolled to large 
strain with an average boundary spacing of about 200 nm [91].  
These results point to further lines of research to explore in depth the mechanical 
behaviour of samples with a structural scale reaching down to 5-10 nm processed by 
SPD. Investigation of interactions between dislocations and boundaries/interfaces 
C H A P T E R  T W O  
 
42 
 
present in the structure will be part of this research in order to underpin models 
relating the mechanical properties to the structural characteristics of these novel 
metallic materials produced by SPD 
2.5 Deformation induced and structure transformation of 
metallic multilayers by SPD 
2.5.1 Metrics of deformation-induced transformations in multilayers 
Structural transformations, such as amorphisation reactions, are often induced in 
multilayers after annealing treatments [105]. The kinetics of this process is gauged 
based on a temporal metric. Driven system techniques, including cold-rolling, equal-
channel angular extrusion or high pressure torsion are examined with the strain as a 
main variable [106]. An important aspect of the strain as a metric is that the 
measurement of the strain in the rolling experiments pertains to the entire multilayer. 
However, the overall strain metric has a limitation as not all layers in the multilayer 
necessarily experience the same strain, because different layers have the different 
mechanical properties. Hebert et al. [107] suggested that instead of the strain, the 
specific interface area between layers, SV, could be used as a new microstructural 
metric to describe the transformation process happed between layers. The transformed 
fraction Vtr is in this case obtained as the product of the specific interface area and the 
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thickness of the transformed layer at the interface measured as a function of the 
specific interface area t(SV): 
vVVtv SStSV ).()( =                                                                                                          (8) 
It must be pointed out that the idea of a uniform transformed layer as well as a single 
functional dependence for t throughout the deformation range represent 
oversimplified approaches. Mixing across the layer boundaries could occur at 
preferential sites at the boundaries resulting in locally transformed regions. The 
rolling experiments with the Al–Pt multilayer suggest that after an initial mixing stage 
between the crystalline Al and Pt layers, mixing proceeds more slowly between an 
amorphous phase and crystalline Pt layers [108]. The measurement of SV pertains to 
the interface area of the layers or particles, but it does not reflect the change of the 
grain-boundary area inside the layers. 
2.5.2 Prediction of layer refinement 
For thin-film deposited multilayers at strain levels of less than one, the layer 
arrangement does not change and the individual layer thickness can be calculated 
based on the stress-state and the elastic and plastic constants of the components. 
Conversely, for the repeated folding and rolling process of multilayers, the exact layer 
structure cannot be predicted. Actually, small deviations from an ideal multilayer and 
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ideal rolling process such as the surface roughness of the initial foils or irregularities 
in the surface of the rollers translate into larger deviations with each rolling cycle. 
Despite the difficulty to predict the exact layer structure evolution on a micrometer 
scale, the results obtained from rolling experiments with the same multilayer 
arrangement are remarkably reproducible [107]. 
The complex layer structure developed after several rolling passes is a reflection of 
the inhomogeneous stress distribution in the multilayer. The two main sources for 
stress inhomogeneities are the friction between the rollers and the surfaces of the 
multilayer that lead to a near surface stress and residual stresses that occur at the layer 
boundaries due to differences in the flow stresses between the component layers 
[109,110]. The layer refinement has been described qualitatively in terms of 
fracture/rupture or multiple necking and elongation of the layers [111]. In multilayers, 
such as Al–Cu or Al–Pt, multiple necking is observed for the Cu or Pt layers [111] 
while in systems such as Al–Hf or Al–Mo fracture/rupture occurs in the Hf or Mo 
layers. Upon closer examination of the ruptured Hf layers, often a necking behaviour 
is observed between separating Hf pieces. This rather unusual behaviour of an hcp or 
bcc phase can be linked to the layer refinement. It has been suggested that the flow 
stress increases as the thickness of an embedded phase decreases [110].  
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A general criterion that would allow for the prediction, in which a multilayer responds 
to rolling with necking and elongation or with rupture of the layers has not yet been 
identified. Neither the crystal structure nor the homologous temperatures of the 
components are generally valid parameters [111]. However, for fcc/fcc multilayers, 
the ratio of the Brinell hardness may be used to predict qualitatively, whether 
extensive elongation of the layers or fracture behaviour of the hard layers can be 
expected [112].  For Brinell hardness ratios of 1.5 (Al–Cu) and 1.6 (Al–Pt), 
elongation of the Cu and Pt layers in the Al matrix is observed [107]. For the Al–Ni 
multilayer, the Brinell hardness ratio is 2.8 and the Ni layers reveal extensive necking. 
In case of a Pt–Pb multilayer, the Pt layer ruptured into cigar shaped pieces in the Pb-
matrix and did not form elongated layers even after 100 rolling and folding passes 
[111]. 
2.5.3 Amorphisation behaviour at interfaces of multilayers 
The understanding of the atomic-scale processes occurring during the interaction 
between ion-beams or irradiation and multilayers has made significant progress [113] 
while for cold-rolling, pressure torsion or ball milling induced amorphisation 
reactions, a similar level of understanding has not yet been achieved. In the case of 
rolling-induced amorphisation reactions in multilayers, the amorphisation reaction 
must be preceded by an atomic-scale mixing process that drives the composition 
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locally beyond the T0 curves that represent the thermodynamic stability limit for a 
single phase solid solution [112]. For the overall transformation it is, therefore, 
helpful to distinguish between the mixing process that leads to a supersaturated solid 
solution and the transformation from the supersaturated solid solution to an 
amorphous phase. In a later stage of the deformation process, mixing between the 
amorphous phase and residual crystalline phase can be important as observed for the 
Al66Pt34 multilayer [108]. While the solid-state crystalline-to-amorphous transition has 
been reviewed extensively [114,115], the deformation-induced mixing process at the 
layer boundaries has received far less attention.  
Three main mechanisms have been proposed for the amorphisation reaction at 
multilayer interfaces, independently. One approach is based on the presence of a high 
density of dislocations in the deformed multilayer. The solute-dislocation core 
interactions have been proposed to yield a transport of atoms across the layer 
interfaces [116]. For a conservative estimate, for a dislocation spacing of 10 nm in a 
layer of 10 nm thickness and 10-4 m2 area, the dislocation cores contain about 1013 
atoms so that for a layer of volume 10-12 m3 with 1016 atoms, the exchange would 
yield an overall concentration change of about 10-3. Of course, the magnitude of the 
concentration change depends on the volume affected by dislocation transport, but 
even for a 1 nm motion into the adjacent layer the concentration change would be 10-2 
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which is too small to account for the observed mixing levels. The second mechanism 
is interface roughening. In computer simulations of repeated rolling and folding of 
multilayers that emulated the Cu–Zr system [117] at 0 K and with a layer thickness 
between 2 and 20 nm, amorphisation occurred as a result of an interface roughening 
process, i.e. a purely athermal mechanical process. Interface roughening was 
furthermore observed in a Monte-Carlo simulation of a multilayer emulating the Cu–
Co system where thermal diffusion was allowed [118]. The third process that was 
proposed mainly for thermally induced solid-state amorphisation reactions is based on 
the diffusion along grain boundaries [119]. 
2.5.4 Concluding remarks 
At large true strains a nanostructured laminate can be synthesized in multilayers that 
are deformed by a repeated rolling and folding cycle. The local interlayer 
configuration is difficult to predict, but the interlayer area per unit volume, SV, 
provides an effective microstructural metric to gauge the response of a multilayer to 
large strain deformation. With continued deformation cycles, the individual layers 
exhibit either a reduction in thickness or fracture and develop a roughened interlayer 
interface. The progressive layer refinement also yields an effective athermal atomic 
mixing across the layer interfaces that is characteristic of driven system behaviour. 
With large strains as the layer separation scale approaches the interface mixing zone 
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scale, the volume fraction of mixed materials increases rapidly as a transformation 
that occurs reproducibly at certain SV values. The controlling mechanism for 
interface mixing is not well established, but mixing is expected to develop 
heterogeneously along interlayer interfaces. The intense deformation of multilayers 
offers new opportunities for microstructure control in bulk nanostructured volumes. 
2.6 The kinetics of intermetallic compounds formed between 
multilayers 
2.6.1 The early stage of solid- state reaction 
A common feature at the early stage of solid-state reactions between two elements is 
the occurrence of a phase selection, resulting in the formation of only a single product 
phase. Furthermore, the first phase is frequently observed to be a metastable phase. A 
prominent example is the formation of amorphous phases at the interface in diffusion 
couple [120]. Such a phase selection can be caused by differences in the nucleation 
rate as well as by differences in the growth rate of the competing phases [121]. 
The formation of amorphous phases during solid-state reaction is often observed to 
take place by one-dimensional diffusion controlled growth in the direction 
perpendicular to the original interface. However, there are a number of systems such 
as Ti-Al for which a nucleation and growth event occurs prior to the subsequent 
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thickening of the product phase [122].  In this case, first-phase formation became a 
two-stage process although only a single phase is formed. The current interpretation 
of this phenomenon is that during stage one; the product phase nucleates at isolated 
positions at the interface and grows to coalescence, predominately in the plane of the 
interface, whereas stage two is the thickening of this contiguous layer predominately 
in the direction perpendicular to the interface [123]. Also, the growth mode is 
expected to change from an interface-controlled growth law for stage one to a 
diffusion-controlled growth law for stage two. Experimental evidence for this stems 
mainly from DSC and TEM investigations [123,124], but also from XRD and 
electrical resistance measurements [124]. 
2.6.2 Solid state reactions of multilayered Ti/Al thin films 
Solid state reactions of multilayered Ti/Al thin films leading to the formation of 
equilibrium and metastable titanium aluminide phases have been characterised 
extensively in the past. The early stages of phase reaction between Ti and Al were 
characterised by the initial formation of TiAl3 in both bulk and thin film samples for 
any composition and for temperatures up to the melting point of Al [125-130]. The 
intermetallic phases, i.e., γ-TiAl, α2-Ti3Al and TiAl2, were not observed in the early 
stages of the reaction. In fact, TiAl3 would form at the expense of the pre-existing 
Ti3Al or TiAl phases in the presence of excess Al, indicating its high kinetic and 
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thermodynamic stability [131]. Other investigations revealed that a reaction phase of 
γ-TiAl was formed in the Ti/Al multilayer after the TiAl3 phase reached a certain 
thickness if all Al was consumed [122,126,132], proving that γ-TiAl was the second 
phase formed in the Ti-Al system, followed by the formation of α2-Ti3Al and TiAl2 
which grew together with TiAl3 and γ-TiAl until the terminal phases were consumed. 
In general, the sequence of intermetallic phases formation was governed not only by 
the thermodynamics of the alloy system but also the kinetics of the reaction process, 
especially in the early stage of the phase reaction, which resulted in an obvious phase 
selection in the intermetallic phase formation process [133].  
At present, there are two possible mechanisms that have been used to explain the 
phase selection. Different nucleation barriers give rise to different nucleation rates, 
leading to the phase with the highest nucleation rate [134]. Alternatively, different 
growth velocities of the competing phases result in phase selection after different 
phases’ nucleation [135]. 
2.6.3 Concluding remarks 
The kinetic characteristics for nucleation and lateral growth and a subsequent 
thickening of the reactive formed compound in sputter-deposited thin film 
multilayered samples has been investigated in detail, but the model of well-defined 
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thin films samples failed to fit samples produced by ARB. The phase reactions 
occurring in Ti/Al multilayered samples with severe plastic deformation prepared by 
ARB perhaps cannot be considered the same as the findings resulting from Ti/Al thin 
films produced mainly by electron-beam evaporation technique. The very small 
diffusion distances for the atomic species as well as the intermixing of the constitutive 
layers may account for the formation rate of a reactive phase in thin film structures 
[136].  Compared to deposited thin films, the thickness of the ARB multilayered 
structure was not uniform, so it was difficult to define the bilayer thickness 
(modulation wavelength) precisely. A large number of grain boundaries, sub-grain 
boundaries, dislocations, as well as high strain were introduced into the ARB 
multilayered foils. The deformation-induced mixing process at the interface 
boundaries was more significant than in the thin films. In principle crystal defects and 
stresses will influence the growth kinetics of diffusion couples and the sequence of 
phase formation [137,138]. A modified model based on thin films needs to be 
developed to describe the kinetic characteristics of the formation of the intermetallic 
compound in ARB samples. 
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2.7 Questions that arise from this review  
The review here indicates that the central concerns of researchers are improvement in 
the metallurgical attributes of bulk material or multilayered structure through SPD, 
demonstrating a very pronounced decrease of the grain diameters. The recent research 
has established a group of ultrafine or ns metals using SPD that exhibit extraordinary 
mechanical properties. They have impressive strength - at least a factor of five higher 
than their conventional coarse-grained counterparts. With recent advances in 
experimental studies (especially HRTEM microstructure investigations) and 
molecular dynamic simulations, the grain refine mechanisms and their relative 
importance during SPD are being identified.  
The mechanism governing deformation-induced grain refinement above 100-200 nm 
is believed to be dominated by dislocation activities, including dislocation 
multiplication and interaction, and formation of various dislocation configurations 
including GNBs and incidental dislocation boundaries IDBs [89], while deformation 
twins govern the deformation-induced grain refinement under 100 nm. The 
deformation twinning can be regarded as a precursor process to nanoscale refinement 
of coarse grains by SPD [96].  
C H A P T E R  T W O  
 
53 
 
Regarding the kinetics of intermetallic compounds formed between multilayers at the 
early stage of solid-state reactions during SPD, a common feature is the occurrence of 
a phase selection, resulting in the formation of only a single product phase. Such a 
phase selection can be caused by differences in the nucleation rate as well as by 
differences in the growth rate of the competing phases [120,121]. 
The resistance to fracture, certain fatigue properties, wear resistance, etc., of the 
materials produced by SPD are superior to coarse-grained metals. This is, obviously, 
cause for optimism: ultrahigh strength ultrafine/ns metals and multilayers are 
becoming practically useful for structural applications, if the processing barriers (such 
as throughput and the production cost) can be overcome. However, there are also 
many outstanding questions remaining to be answered. The effective measures 
developed so far to improve and optimize mechanical properties of nc metals 
produced by SPD have not yet been fully understood. First, it remains to be 
investigated how to enhance the strength of commercially valuable metals without 
sacrificing ductility by modifying bimodal or multimodal microstructures through 
SPD and followed by conventional thermomechanical processing. What is the result 
when SPD is used to engineer these structures? Furthermore, what relationships 
would such microstructures have to the materials properties? Second, only a few fcc 
metals, notably Cu, Al and Ni, have been investigated in any detail on the grain refine 
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mechanism during SPD. Metals of other crystal structures (e.g. bcc, hcp) have been 
explored to a far less degree, in particular when these mechanisms involved 
mechanical twinning in hexagonal close packed (hcp) metals. Third, several intriguing 
responses, different from coarse-grained metals, such as the stronger strain rate, the 
work hardening behavior of nc materials and especially the localized deformation 
modes such as shear banding during SPD, require systematic studies to firmly 
establish their origins.  
Fourth, it is important to experimentally determine the bond strength between two 
layered components in subsequent multilayer processing during rolling. During ARB, 
the amount of deformation of the different metal multilayers is the same: 50% 
reduction in the initial thickness after roll bonding. Before roll bonding, all metal foils 
were brushed with stainless wires and cleaned ultrasonically in acetone in order to 
remove oxide film on the surfaces; what is the relationship between the bond strength 
and the thermal property parameters of the multilayered system if ARB was used to 
synthesize multilayered structure?  
Fifth, the effect of the progressively increasing the number of ARB cycles on the 
mechanical attributes of the multilayered structure needs to be examined. In 
particular, for foils with different crystal structure, that can be expected to influence 
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the deformation processes during ARB, the changes in hardness, the yield and tensile 
strengths, the corresponding loss of ductility and the strength of the bond with 
increasing ARB cycles need to be determined.  
Finally, although  the kinetic characteristics for nucleation and lateral growth and a 
subsequent thickening of reactive formed compound in sputter-deposited thin film 
multilayered samples has been investigated in detail, the model of well-defined thin 
films samples appears to fail to fit samples produced by ARB. A modified model 
based on thin films needs to be established to describe the kinetic characteristics of 
the formation of the intermetallic compound in ARB samples. 
2.8 Summary 
This chapter presents a brief overview of the recent progress made in a number of 
areas related to ultrafine grained/ns materials produced by SPD, including the 
methods of SPD, mechanical properties of materials produced b SPD, the grain 
refinement mechanism of metals deformed by SPD, deformation induced and 
structure transformation of metallic multilayers by SPD and the kinetics of 
intermetallic compounds formed between multilayers. The quantitative and 
mechanistic understanding of the deformation mechanisms of the materials produced 
by SPD has been mainly focussed on pure fcc metals, where the most systematic 
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experimental data are available. Some of the most recent experimental results and 
mechanisms-based quantitative analyses are highlighted, giving a detailed account of 
developments in this field. Recent developments in obtaining a quantitative and 
mechanics-based understanding of ultrafine grained/ns materials are discussed, with 
particular emphasis on the grain refinement mechanism of metals deformed by SPD, 
deformation induced and structure transformation of metallic multilayers by SPD and 
the kinetics of intermetallic compounds formed between multilayers.  
This recent progress has, on the one hand, pointed to promising routes to optimize 
mechanical properties, and on the other, presented new challenges to the 
understanding of intrinsic ultrafine grained/ns material that require further 
investigation. A number of outstanding issues and possible future research directions 
are listed and proposed in respective sections.  
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C H A P T E R  T H R E E  
Simultaneously Enhanced Strength and 
Ductility of Titanium via a Multimodal 
Grain Structure 
3.1 Introduction 
Bulk nanostructured (NS) and ultrafine grained (UFG) metals usually possess 
excellent strength compared with their coarse-grained counterparts but 
disappointingly low ductility [139-142]. In tensile deformation, it is usually 
observed that the engineering stress-strain curves reach peaks at small tensile 
strains immediately followed by a rapid decrease in stress as the localized 
deformation results in catastrophic failure at an accelerated speed. A major 
factor affecting the ductility and uniform tensile elongation of UFG and NS 
materials is the propensity for plastic instabilities, such as necking or shear 
band in the early stage of plastic deformation [57,143,144]. This tendency for 
NS and UFG materials to become unstable during plastic deformation is related 
to the decreased strain hardening capacity, whereas a relatively high strain 
hardening rate is required to stabilize the plastic deformation at stress levels 
achieved in high-strength UFG and NS materials [145,146]. It is expected that 
any enhancements of the strain hardening rate will be beneficial to improving 
the ductility for UFG and NS materials. A few successful examples of 
excellent strength and ductility in bulk fcc metals have been reported 
[61,139,140,146-148], but metals of other crystal structures (e.g. bcc, hcp) 
have been explored to a far less degree. In particular when these mechanisms 
involve mechanical twinning in hexagonal close packed (hcp) metals. 
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It is well known that, apart from dislocation slip processes, mechanical 
twinning plays an important role in the plastic deformation of metals with hcp 
structure as they have a limited number of slip systems. Deformation twins 
appear to reduce the effective slip distance and increase the strain hardening 
rate via the Hall-Petch hardening mechanism [149].  The objective of the 
present study was two-fold: First, to develop a process that leads to commercial 
bulk Ti with both high ductility and high strength. Second, to provide 
fundamental insight into the mechanism that governs the high ductility in the 
bulk Ti. 
3.2 Experimental procedures 
3.2.1. Material 
Commercially available pure titanium (grade 2) plate with dimensions of 15 × 
15 × 12 (mm) in the annealed condition was used in this study. Fig. 3.1 shows 
the optical microstructure of the as-received titanium which is mainly 
composed of equiaxed grains with a mean size of ~60 μm. Table 3.1 lists the 
chemical composition of the titanium. 
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Fig. 3.1  Optical micrograph of the as-received titanium (grade 2). 
Table 3.1 Chemical compositions of the as-received titanium (wt%). 
N C H Fe O Ti 
0.0030 0.0130 0.0013 0.0300 0.1250 Balance 
 
3.2.2. Cold/cryorolling deformation and annealing 
The titanium plate was cold rolled without lubrication using a two high rolling 
mill with 365 mm diameter rolls at a rotating speed of 16 m min-1 at ambient 
temperature and liquid nitrogen temperature. Cryorolling was performed by 
immersing the specimen into liquid nitrogen for 10 min before each rolling 
pass. The titanium plate was rolled at a strain rate of   from 12 to 2 mm in 
thickness with a reduction of ~16.7 % per pass. The strain rate for the first 
rolling cycle is 3s-1. The cryo-rolled samples with a total reduction of 83% in 
thickness were annealed at temperatures in the range of 200－400 oC for 1 h in 
a muffle furnace. The annealing behaviour of the cold rolled samples was not 
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studied as this is well understood and the main purpose was just to compare the 
differences in the initial states prior to annealing. 
3.2.3 Microstructure characterisation 
The microstructure of the deformed samples, both before and after annealing, 
was investigated using transmission electron microscopy (TEM, Jeol JEM 
2100) operated at 200 kV in the transverse direction (TD). The thin-foil 
specimens for TEM observation in the present study were prepared by the 
following steps. Firstly, samples were ground using SiC papers of 240, 600, 
1200 grit, successively. Subsequently, samples were sliced into a sheet ~ 500 
μm in thickness. After that, the sample sheets were thinned down to a thickness 
of approximately 100 μm using 1200 grit SiC paper. Then sheets were punched 
to obtain discs with a diameter of 3 mm and then the discs were carefully 
ground to approximately 50 μm in thickness using 4000 grit SiC paper and 
finally subjected to low-energy ion milling in a Gatan PIPS system to 
perforation. The grain boundary misorientation angle distribution was 
determined by EBSD. The EBSD was carried out using a LEO Gemini field 
emission gun scanning electron microscope fitted with HKL Channel 5 
software performed at 15 kV. The working distance was adjusted to10 mm and 
the tilt angle was 70o. The step size of the EBSD scan was 0.05 μm. For EBSD 
testing, samples were polished down to 3 μm diamond paste in the transverse 
direction, followed by 12 hours of colloidal silica on a Vibromet vibrating 
polishing pad. The dislocation density was revealed by XRD analysis and the 
dislocation density was calculated for both samples by the Multiple Whole 
Profile Fitting procedure. 
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3.2.4 Mechanical property tests 
For mechanical property measurements, all the samples were machined and 
polished to a cross-section of 2 mm × 5 mm, and a gauge length of 10 mm. 
Tensile tests were conducted at ambient temperature in an Instron 30 KN 
machine at a strain rate of 8.3 × 10-3 s-1. The tensile direction was parallel to 
the rolling direction (RD) of the samples.  
3.3 Results 
3.3.1 Microstructures after cold/cryorolling 
Fig. 3.2 shows the TEM micrographs of the transverse sections of the 
processed titanium samples. The microstructure of the cold-rolled (rolling at 
ambient temperature) Ti shows a high dislocation density that is predominantly 
in the form of dislocation cell structures (Fig. 3.2a). The cryo-rolled Ti, in 
comparison with cold-rolled Ti, is characterised by higher dislocation density 
and also these were distributed in the deformed matrix as a more heavy density 
(Fig. 3.2b). Cryo-rolling at liquid nitrogen temperature suppresses dynamic 
recovery and recrystallisation. Accordingly, the large density of defects and 
cold-work energy are stored during rolling process, favouring numerous 
nucleation sites during the following annealing process [57,150]. After 
annealing at 200 oC for 1 h, the dislocation density is significantly reduced and 
the microstructure mainly consisted of elongated subgrains due to the 
rearrangement of dislocation (Fig. 3.2c). Further, increasing the annealing 
temperature to 250 oC leads to the formation of equiaxed grains with sizes of 
50-200 nm (Fig. 3.2d). The selected area diffraction (SAD) patterns obtained 
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from the above micro-regions (inset in Fig. 3.2d) displayed distinct ring 
pattern, indicating a high fraction of grains separated by HGBs. It should be 
noted that numerous grain boundaries and subgrain boundaries maintain a 
small misorientation angle, which were easily revealed upon tilting the sample 
in the TEM. Annealing at 300 oC results in a multimodal grain structure of 
coarse grains embedded in a fine matrix (Fig. 3.2e). The resulting grain size 
distribution of the sample in Fig. 3.2e is given in Fig. 3.3a. About 80% of the 
microstructure is composed of nanograins or ultrafine grains with a mean size 
of 150 nm, while the rest of the grains have sizes ranging from 800 nm up to 2 
µm. The grain boundary misorientation angle distribution determined by EBSD 
is shown in Fig. 3.3b. Considering all misorintation angles ＞2o, the sample 
has approximately 48% of HAGBs with misorientation angles ＞5o. After 
annealing at 400 oC for 1 h, results in equiaxed grains of 1-2 µm that mostly 
show characteristics typical of recrystallised and dislocation-free coarsened 
grains, while a few equiaxed grains still retain a high density of dislocation 
(Fig. 3.2f). 
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Fig. 3.2 TEM micrographs of the transverse cross sections of the processed 
titanium samples: (a) 83% cold-rolled reduction, (b) 83% cryo-rolled 
reduction, (c) 83% cryo-rolled reduction + 200 oC annealing for 1 h, (d) 83% 
cryo-rolled reduction + 250 oC annealing for 1 h, (e) 83% cryo-rolled reduction 
+ 300 oC annealing for 1 h, (f) 83% cryo-rolled reduction + 400 oC annealing 
for 1 h. 
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Fig. 3.3 (a) The statistical grain size distribution of the sample after 83% cryo 
rolling reduction and 300 oC annealing for 1 h, (b) The grain boundary 
misorientation distribution of the sample after 83% cryorolling reduction and 
300 oC annealing for 1 h determined using EBSD. 
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3.3.2 Mechanical properties 
The engineering stress-strain curves of these samples are compared in Fig. 3.4. 
Processing by 83% cryorolling, the 0.2% yield strength (σy) is considerably 
higher than that of the cold rolled sample while the elongation to failure is 
decreased significantly. After annealing at 250 oC for 1 h, the engineering 
stress-strain curve still has a peak at small tensile strains and then immediately 
reduces. The σy decreased slightly due to recovery and partial recrystallisation 
and the elongation to failure increases markedly. Processing by 83% 
cryorolling and annealing at 300 oC for 1 h gives σy of 943 MPa, a region of 
strain working hardening with a uniform strain of 11 %, and the elongation to 
failure of approximately 24 % was observed. After annealing at 400 oC for 1h, 
the uniform elongation remains the same as that of sample annealed at 300 oC 
while σy was significantly reduced. 
 
Fig. 3.4 Tensile engineering stress-strain curves of the processed samples. The 
tested specimen has a gauge length of 10 mm. 
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Fig. 3.5 shows the SEM micrographs of the fracture surfaces after the tensile 
tests. The cryo-rolled Ti fractured with some ductile features (Fig 3.5a) similar 
to that know for Ti heavily cold-rolled at room temperature. The Ti with 
additional annealing at 300 oC for 1 h, in comparison, appear to be more 
ductile, showing fracture features dominated by microvoids on a much finer 
scale (Fig. 3.5b). 
The results of this study demonstrate that the processing approach used herein 
can achieve a multimodal grained structure in titanium which then results in a 
significant improvement in ducility. Comparison of tensile test results with 
previously published CP-Ti studies using SPD is listed in Table 3.2. The 
current approach has clearly achieved the best combination of strength and 
ductility in commercial purity Ti. 
Table 3.2 Comparison of tensile test results in this study with previously 
published CP-Ti studies. Our tested specimen has a gauge length of 10 mm. 
Processed conditions Mechanical properties 
σUTS (MPa) σys (MPa) εF (%) 
This study Cryorolling + 
annealling 
958 943 24 
Valiev et al. [6] ECAP +HPT 730 625 25 
Stoyarov et al. 
[151] 
ECAP 710 640 14 
Stoyarov et al. 
[152] 
ECAP+cold 
extrusion 
1050 970 8 
Sergueeva et al. 
[153] 
HPT 950 790 14 
Zhao et al. [154] ECAP 780 680 14 
Ertorer et al. 
[155] 
Cryomilling +QI 
forging 
902 804 28 
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Fig. 3.5 SEM micrographs of the fracture surfaces of (a) 83% cryo-rolled Ti 
and (b) 83% cryo-rolled plus annealing at 300 oC for 1 h. 
3.4 Factors contributes to high strength and high ductility 
The strength enhancement in the cryorolled and 300 oC annealed sample was 
mainly derived from the ultrafine equiaxed grains [57,142,155]. The enhanced 
uniform elongation is due to the improvement in the strain hardening, through 
dislocation accumulation. The dislocation density in the cryorolled +300 oC 
annealing sample, revealed by XRD analysis, increased by 48% from 
4.3×1014 m-2 to 6.4×1014 m-2. By comparison, the dislocation density in the 
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cryorolled sample increased by only 12% from 5.2×1014 m-2 to 6.1×1014 m-2 
from 0 to 83% rolling reduction. 
Several factors contribute to the improved capacity for dislocation storage in 
the cryorolled +300 oC annealing sample. First, the multimodal distribution of 
the grain size, rather than a uniform grain size distribution, inevitably causes 
the deformation of these grains under a complex stress state, with the potential 
for strain partitioning and dislocation accumulation in these grains, which are 
beneficial for enhancing dislocation storage capacity, and thus, result in an 
improved strain hardening [61,140]. Second, the formation of deformation 
twins during tensile test in the coarse grains could contribute to the improved 
strain hardening. TEM observations of the coarse grains in the post-mortem 
tensile samples after 8% deformation revealled the presence of occasional 
clusters of several parallel twins, as well as individual narrow and long 
deformation twins, accompanied by relatively high dislocation density both in 
the grain matrix and the twins. Several twin variants are frequently developed 
in a single coarse grain while some others cross through two or three connected 
coarse grains (as shown in Fig. 3.6 (a) and (b)).  It has been reported that the 
deformation mode in titanium is initially twinning at low strain levels and 
changes to dislocation slip at higher strain level [156]. The deformation twins 
triggered in coarse grains at low tensile strain can effectively increase the strain 
hardening due to an interaction between the twin boundaries and dislocations 
as they reduce the effective slip distance and prevent the dislocations from 
moving to and disappearing at the grain boundaries at higher tensile strains 
[140,148,157,158]. Third, the presence of general HAGBs is an effective 
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method in enhancing the uniform elongation of UFG metals [139,159]. The 
fraction of the HAGBs in the cryorolled +300 oC annealing sample is about 
48%. Such high fraction of HAGBs is beneficial in blocking dislocation slip, 
resulting in dislocation tangles and accumulation at the grain boundary (Fig. 
3.7). Fourthly, the attained ductility was possibly due to grain boundary sliding 
or grain boundary rotation, through the non-equilibrium grain boundaries 
introduced by croyrolling, as well as the multimodal grain structure (Fig. 1 (e) 
and (f)). It is well established that the deformation through grain boundary 
mechanism is facilitated in non-equilibrium boundaries [160,161]. 
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Fig. 3.6 TEM micrographs showing the microstructure of the 83% cryo-rolled 
+ 300 oC annealing for 1 h sample after 8% tensile strain: (a) Twin marked by 
the arrows cross through two connected coarse grains. (b) High magnification 
image of the area marked in (a), showing the high density of dislocation 
accumulated in both the twin and grain matrix; (c) The selected-area diffraction 
pattern from a region containing twin and matrix showing in (b). The zone axis 
for the SAD patterns (c) is [ ]1021 . 
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Fig. 3.7 Dislocations tangle and accumulate at the grain boundary (arrows 
indicate the dislocations). 
3.5 Conclusions 
The approach applied in this chapter was first introduced by Wang et al on a 
fcc cubic copper [61], where a bimodal structure in copper by cryorolling and 
annealing resulted in high strength and excellent ductility. However, metals of 
other crystal structures (e.g. bcc, hcp) have been explored to a far lesser degree. 
The present study demonstrates the feasibility of the producing a multimodal 
/multimodal structure to improve the uniform elongation and strength in hcp 
titanium. By refining grains and modifying the grain size distribution in a 
multimodal grain structure in hcp titanium, a combination of a high yield 
strength of 943 MPa and a good uniform elongation of 11% has been achieved. 
It is proposed that the strength enhancement was mainly derived from the 
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ultrafine equiaxed grains, while the improved ductility attained was due to the 
large fraction of HAGBs, coarse grains, the non-equilibrium grain boundary 
configuration and the multimodal grain structure. In particular, the twins, that 
are prevalent in hcp structure materials during low strain deformation, occurred 
in the coarse grain, which provided the potential for the dislocation 
accumulation at the twin boundaries, enhancing the strain hardening rate via 
Hall-Petch hardening mechanism. 
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C H A P T E R  F O U R  
Shear Band Evolution and Nanograin 
Formation during Shear Localisation in 
Cold-rolled Titanium  
4.1 Introduction 
Highly localised deformation in the form of shear bands is a deformation mode 
that develops in the majority of metallic materials subjected to both dynamic 
and quasi-static loading. The shear bands formed under the dynamic loading 
modes have been extensively studied, especially in the past two decades, as 
their formation generally leads to catastrophic failure under these conditions 
[162,163]. The residual microstructures within such shear bands have been 
subject of a number of detailed investigations using transmission electron 
microscopy (TEM), facilitated by the ease of finding bands in a restricted area 
of the hat-shaped specimens used in dynamic impact experiments [164-177]. 
The above shear bands usually experience very high levels of strain and strain-
rate and the shear localisation is frequently considered to be adiabatic with 
large temperature rises inside the bands [178]. Therefore, these bands are 
frequently termed “adiabatic” shear bands. As a result of adiabatic heating, the 
deformation-induced microstructures within these bands often undergo 
subsequent modifications through recovery, recrystallisation and phase 
transformation [162,171]. The above processes generally contribute to 
significant microstructure refinement within the adiabatic shear bands through 
the formation of (sub)grains/fragments frequently reaching the size of several 
tens of nanometers.  
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There are numerous reports available in the literature on the occurrence of 
shear banding in metals deformed by rolling and other quasi-static deformation 
modes [179-188]. These shear bands generally display microstructure 
characteristics that markedly differ from those observed within their adiabatic 
counterparts. For example, TEM observations of the shear bands in 
consolidated ultrafine-grained iron deformed in quasi-static compression by 
Wei et al. [27] revealed strong texturing as well as elongated and heavily 
dislocated grains within these bands, which is strikingly different from the 
microstructure features commonly found in the centre regions of adiabatic 
shear bands. Several detailed investigations, largely describing the evolution of 
relatively coarse and/or well-recovered microstructures within shear bands 
formed during rolling or plane strain compression have been performed using a 
combination of the electron backscattering diffraction (EBSD) in a scanning 
electron microscope (SEM) and TEM techniques [179,189,190]. In contrast, 
such investigations on the shear band microstructures produced by heavy 
rolling deformation at room temperature are at present rather scarce and 
significantly less detailed. This is partly for the reason that these 
microstructures are extremely fine and contain high dislocation densities, and 
their investigation is thus rather difficult and requires the time consuming TEM 
technique. Furthermore, a systematic investigation of the microstructure 
evolution within shear bands is hampered by a rather random distribution of 
these bands within the matrix, which also causes difficulty in the preparation of 
targeted TEM specimens. The scale and character of the microstructures 
observed inside shear bands bear some similarity to those generally found in 
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metals processed by severe plastic deformation (SPD) [162,191]. Thus, it is 
proposed here that elucidating the microstructure refining mechanisms 
operating within the shear bands produced by heavy rolling deformation will in 
turn contribute to a better understanding of the grain refinement mechanisms 
which occur in other SPD processes, especially in the context of the current 
work for Ti. 
It is well known that, apart from dislocation slip processes, mechanical 
twinning plays an important role in plastic deformation of metals with 
hexagonal close packed (hcp) structure that has a limited number of slip 
systems. The dominant twinning systems activated during deformation of hcp 
titanium at ambient temperature are { } 11102110  tensile twins and 
{ } 32112211  compression twins, accommodating extension and contraction 
along the c-axis, respectively [192,193]. The tensile twins appear to be more 
prominent as their formation seems to be less sensitive to grain orientation 
[192]. The activation of deformation twinning results in progressive grain 
refinement due to the intersection of twins and the formation of secondary and 
tertiary twins. This, in turn, causes a gradual decrease in twin activity and 
ultimately leads to saturation in twinning at relatively modest strains, which 
causes dislocation slip to then dominate the deformation process at high strains 
[193-196]. There has been some recent experimental evidence indicating that 
extremely fine, roughly equiaxed grains having a mean size of 80-100 nm can 
be obtained in commercial-purity titanium subjected to accumulated roll 
bonding [197]. It has been suggested that these grains might possibly originate 
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from macro-shear and micro-shear bands but details of their formation 
mechanism still remain to be elucidated. This is the subject of later chapters 
and hence further highlights the importance of the work in this Chapter. 
The aim of this chapter was to perform a detailed TEM investigation on the 
microstructure evolution within the areas of localised shear in commercial-
purity titanium subjected to heavy cold rolling and to elucidate the 
microstructure refining mechanisms within the shear bands. 
4.2 Experimental procedures 
4.2.1 Material 
The same starting material as in Chapter 3 was used for the current work. Fig. 
3.1 shows the optical microstructure of the as-received titanium which is 
mainly composed of equiaxed grains. Table 3.1 lists the chemical compositions 
of the titanium. 
4.2.2 Cold rolling deformation 
The titanium plate was cold rolled without lubrication using a 2 high rolling 
mill with 365 mm diameter rolls in a rotating speed of 16 m min-1 at ambient 
temperature. The titanium plate was rolled from 12 to 2 mm in thickness with a 
reduction of 16.7 % per pass. After each rolling pass, a small part of the 
material was cut from the rolled sample in the transverse direction for 
microstructure observation, and the remanent of the sample was rolled again in 
the same rolling direction. The von Mises equivalent strains corresponding to 
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different rolling reductions were calculated as )/ln(3/2 0ttVM −=ε , with 0t and 
t  being the plate thickness before and after rolling, respectively. The shear 
strain levels accumulated within the shear bands were estimated using the 
method described by Xue and Gray III [170] which involves the measurement 
of shear angle φ and then using the Taylor equation εs= tanφ to calculate the 
shear strain. 
4.2.3 Microstructure characterisation 
Highly localised deformation in the form of shear bands occurred in the 
titanium plate after cold rolling. It is worth noting that only when the surfaces 
of the rolled sample were polished and then etched, can the shear bands be 
observed by optical microscopy (OM) or SEM. The microstructures of the 
deformed samples, both outside and within the shear bands, were characterised 
using OM, SEM and TEM. The observed sections were perpendicular to the 
transverse direction (TD) of the rolled plates. 
Sample preparations were performed for OM and SEM observations in the 
following steps. Firstly, samples were ground using SiC papers of 240, 600, 
1200 grit successively. Subsequently, samples were mechanically polished 
using 9, 6 and 1 μm diamond suspension and 0.05 μm silica suspension. The 
etching of the samples were carried out using a solution with 50 ml H2O + 40 
ml HNO3 + 10 ml HF. Microstructures were observed by OM (Olympus DP70) 
and SEM (Supra 55VP). 
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The shear bands developed in the cold-rolled titanium plate were randomly 
distributed, differing from that distributed in a restricted area formed in a hat-
shaped specimen by dynamic compact. Thus it was considerably difficult to 
find the shear bands generated in the cold-rolled titanium by the conventional 
perforation method using either double-jet polishing or ion milling. Based on 
the methods described by Kad et al. [164] and Wittman et al. [174], we 
developed a more suitable technique to prepare the thin-foil specimens for 
TEM observation in the present study. Fig. 4.1 is a schematic illustration of the 
process developed for the preparation of TEM specimens. After rolling, the 
sample were polished and etched using the method described above, at which 
point, shear bands generated in titanium plate became observable. The location 
of the shear band was marked on the observable plane using a needle and a 
slice of the sample in a sheet of around 500 μm in thickness was cut out of the 
sample. After that, the sheet was thinned down to a thickness of approximately 
100 μm using 1200 grit SiC paper. Then the sheet was punched to obtain disks 
with a diameter of 3 mm at the marks previously described. We ensured that 
the shear band was located in the position slightly off the centre of the disk. 
And then, the etched layer on the surface was removed and the disk thinned 
down to approximately 60 μm in thickness using 4000 grit SiC paper. Finally 
the disk was ion milled in a Gatan PIPS system until the perforation intersected 
the edge of the shear band. The shear bands were examined using a TEM 
(JEM2100) at a voltage of 200 KV. 
C H A P T E R  F O U R  
 
 
 
79 
 
Fig. 4.1 Schematic illustration of the preparing process for the TEM samples. 
4.3 Results 
4.3.1. OM and SEM observations of localised deformation 
Fig. 4.2 shows the localised deformation developed in the titanium after 
various cold-rolling deformations. It can be seen that a heavy deformation area 
firstly initiated from one of the edges of the rolled plate at an early rolling 
stage, and then propagated into the plate in a localised shear deformation 
manner. With an increase in rolling reduction, the heavy deformation area 
became larger and the localised shear deformation merged into the plate more 
deeply at an angle of approximately 40o relative to rolling direction (RD).  
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Fig. 4.2 SEM micrographs showing the evolution of the localised deformation 
after different rolling deformations: (a) 33% (εVM = 0.47), (b) 50% (εVM = 
0.80), (c) 67% (εVM = 1.27) and (d) 83% (εVM = 2.07). 
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Fig. 4.3 SEM micrographs showing the shear bands (delineated by dashed 
lines) developed after different rolling reductions: (a) 33% (εVM = 0.47), (b) 
50% (εVM = 0.80), (c) 67% (εVM = 1.27) and (d) 83% (εVM = 2.07). RD and ND 
indicate the rolling and normal directions, respectively.  
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Fig. 4.4 SEM micrograph at high magnification showing the extensive 
deformation twins in the heavy deformation region. 
 
 
Fig. 4.5 SEM micrograph showing the microstructure inside the well developed 
shear bands. 
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Fig. 4.3 is a close-up view of the sheared microstructures developed in the 
shear localised deformation titanium. Most of the grains in the heavy 
deformation region (Fig. 4.3a) were widely warped and stretched in a stream-
like appearance. Between the stream-like regions, some fragments within few 
grains still remained largely undeformed. Extensive deformation twins were 
observed in the heavily elongated grains, as shown in Fig. 4.4. After 50 % 
rolling deformation (Fig. 4.3b), a localised band with a width of approximately 
8 μm was obviously distinguishable from the surrounding areas. The flow 
streams distorted the direction at the localised band boundaries from RD to an 
angle of about 40o. At the localised band boundaries, a high density of 
deformation twins that were bent towards the shear direction in a curved 
appearance, together with the stretched grain boundaries merged into the 
localized band. Localized bands initiated and propagated between the heavy 
deformation regions after 67 % rolling deformation (Fig. 4.3c). The flow strips 
in the heavy deformation regions spacing these localised bands were nearly 
parallel to that in the localised bands but there was evidence of much less 
deformation. When the rolling deformation increased to 83 % (Fig. 4.3d), a 
well developed shear band with a width of 25 μm was formed. The shear band 
boundaries were sharp and separated the fine stream-like shear deformation 
flow within the shear band from the heavy shear deformation regions outside 
the shear band. Fig. 4.5 is a SEM micrograph at high magnification showing 
the microstructure inside the shear bands as marked in Fig. 4.3d. The entire 
sheared region was filled with parallel stream lines which may be either the 
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stretched original grain boundaries or the substructural grain boundaries. No 
voids were observed within the shear band. 
According to the results described above, the initiation and evolution of shear 
bands in the cold-rolled titanium can be summarised as follows: a heavy 
deformed region in which grains were severely twisted and stretched was 
firstly initiated at the edge of the rolled titanium plate at an early stage of the 
rolling deformation. Then localised bands which were oriented at an angle of 
40o relative to RD were developed in the heavily deformed region. With an 
increase in the rolling deformation, these localised bands extended and 
connected by consuming the shear areas between them. A shear band with a 
width of about 25 μm was formed when the shear areas between the localised 
bands were fully consumed. The initiation and evolution pattern of the shear 
band in the present study is different from that in hat-shaped specimen by 
dynamic compact [170], steel spheres by ballistic impact [175], and a thick-
walled cylinder under high strain rate deformation due to radial collapse [162]. 
This may be related to the difference between the rolling deformation 
conditions and these other high strain rate deformation processes. 
4.3.2. TEM quantification of the microstructure refinement 
within shear bands 
4.3.2.1 Rolling deformation of 33 % 
The microstructure obtained after 33 % rolling reduction contained sheared 
micro-regions that exhibited a significantly finer substructure than the 
surrounding matrix (Fig. 4.6a). The selected area diffraction (SAD) patterns 
obtained from the above micro-regions (inset in Fig. 4.6b) displayed diffuse 
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arcing spots, indicating the occurrence of fragments having large-angle 
misorientations. The neighbouring matrix mainly consisted of dislocation cells 
separated by low-angle boundaries and containing a significant dislocation 
density in the interior. The corresponding SAD patterns (inset in Fig. 4.6a) 
were close to those typically obtained in single crystals. The sheared micro-
regions contained fine twin/matrix lamellae, thin laths and elongated subgrain 
structures interspersed with the deformed matrix that was comprised of 
dislocation cells (discussed further below). However, in general, the elongated 
subgrains could not be clearly resolved due to the high density of dislocations 
(Fig. 4.6b), thus precluding a reliable quantification of their dimensions at this 
strain level.  
 
 
 
 
Fig. 4.6 TEM micrographs obtained after 33% rolling reduction (εVM = 0.47): 
(a) Bright-field image of a sheared micro-region (delineated by dashed lines) 
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and the matrix. The inset shows the matrix SAD pattern and RD indicates the 
rolling direction; (b) High-magnification bright-field image of the sheared 
micro-region area marked in (a) (the inset shows the corresponding SAD 
pattern).  
4.3.2.2 Rolling deformation of 50 % 
After 50 % rolling reduction, a localised microscopic shear band clearly 
distinguished from the surrounding matrix was formed.TEM investigation 
revealed that the band interior contained regions of thin lamellae/laths 
interspersed with fine elongated subgrains (Fig. 4.7a), which indicates an 
inhomogeneous strain distribution. The fine elongated subgrains shown in 
dark-field TEM image (Fig. 4.7b) , which taken from the area marked in the 
Fig. 4.7a, became more discernible than those formed at 33 % rolling reduction 
The histogram presented in Fig. 4.7c reveals a rather broad subgrain size 
distribution of 20-240 nm with a mean value of about 110 nm. Statistical 
determination of the subgrain longitudinal (dL) and transverse length (dT) 
revealed that the average dL/dT ratio was about 2.5 (inset in Fig. 4.7c). 
Statistical evaluation of θ, the angle between the subgrain elongation axis and 
the rolling direction (RD), results in an average value of around 40°, indicating 
a strong morphological texture with most of the subgrains retaining their 
elongation axis parallel to the shear direction (Fig. 4.7d). 
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Fig. 4.7 TEM micrographs obtained after 50 % rolling reduction (εVM = 0.80): 
(a) Bright-field image of a region containing the localised microscopic shear 
band delineated by dashed lines. RD indicates the rolling direction; (b) Dark-
field image of the shear band area marked in (a) (the inset shows the 
corresponding SAD pattern); (c) Subgrain size distribution for the microscopic 
shear band (the inset shows the corresponding histogram of dL/dT ratios); (d) 
Distribution of the angles between the subgrain elongation axes and RD. 
4.3.2.3 Rolling deformation of 67 % 
After 67 % rolling reduction, the microstructure inside the localised 
microscopic shear bands was seen to become more homogeneous, but 
maintained its alignment parallel to the shear direction (Fig. 4.8a). It was 
mainly composed of very fine, elongated rectangular or elliptical subgrains 
(Figs. 4.8b and 4.8c). The SAD pattern of the corresponding area (inset in Fig. 
4.8c) exhibits diffuse arcing spots, indicating large misorientations between 
adjacent subgrains. The histogram in Fig. 4.8d shows that most of the subgrains 
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had a size in the range of 20-200 nm with a mean value of about 90 nm. The 
corresponding average value of the dL/dT ratio was about 2.0 (inset in Fig. 
4.8d). The distribution of θ (Fig. 4.8e) was found to become wider than that 
after 50% reduction, which indicates that the fine subgrains had a more random 
morphological alignment. 
4.3.2.4 Rolling deformation of 83 % 
When the rolling reduction increased to 83 %, two distinct regions developed 
within the macroscopic shear band, apart from the boundary area containing a 
mix of matrix/twin lamellae and thin laths. Wide outer regions were mainly 
filled with fine elongated subgrains, whereas the shear band centre was 
occupied by roughly equiaxed nanosized (sub)grains (Fig. 4.9a). These 
ultrafine (sub)grains were seen to have almost completely eliminated the trace 
of the shear direction (Figs. 4.9b and 4.9c). Some of these (sub)grains were 
delineated by rather sharp boundaries. Fig. 4.9d reveals that the (sub)grains 
possessed a range of dimensions varying from 20 to 160 nm and had a mean 
size of about 70 nm. The corresponding average value of the dL/dT ratio was 
approximately 1.2 (inset in Fig. 4.9d), clearly showing that these nanosized 
(sub)grains were tending towards being roughly equiaxed. The distribution of θ 
became randomised (Fig. 4.9e), indicating the non-contiguous nature of these 
nanosized (sub)grains. 
C H A P T E R  F O U R  
 
 
 
89 
 
Fig. 4.8 TEM micrographs obtained after 67 % rolling reduction: (εVM = 1.27) 
(a) Bright-field image of a region containing the localised microscopic shear 
band delineated by dashed lines. RD indicates the rolling direction; (b) Dark-
field image of the subgrains in the shear band area marked in (a); (c) Bright-
field image of the same area (the inset shows the corresponding SAD pattern); 
(d) Subgrain size distribution for the microscopic shear band (the inset shows 
the corresponding histogram of dL/dT ratios); (e) Distribution of the angles 
between the subgrain elongation axes and RD. 
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Fig. 4.9 TEM micrographs obtained after 83 % rolling reduction (εVM = 2.07): 
(a) Bright-field image of a part of the macroscopic shear band with its 
boundary marked by a dashed line. RD indicates the rolling direction; (b) Dark-
field image of the nanosized (sub)grains present in the shear band central 
region indicated in (a); (c) Bright-field image of the same area (the inset shows 
the corresponding SAD pattern); (d) (Sub)grain size distribution for the 
macroscopic shear band centre (the inset shows the corresponding histogram of 
dL/dT ratios); (e) Distribution of the angles between the (sub)grain elongation 
axes and RD. 
4.3.2.5 Variations in grain size and the dL/dT ratio of the grains inside 
shear band 
Fig. 4.10 depicts the variation of grain size and the dL/dT ratio of the grains 
inside the shear band of the after different cold-rolling deformations. The mean 
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grain size decreased from the initial size of 60 μm to 46 μm after 33 % cold-
rolling, and then went down drastically to 120 nm at 50 % cold-rolling. Then 
the grain size decreased slowly with an increase of the deformation strain, and 
reached 80 nm after 83 % cold-rolling. The dL/dT ratio increased from ~1 to 4.5 
after 33 % cold-rolling, followed by a steady decrease and showed the value of 
about 1 after 83 % cold-rolling. According to Fig. 4.10, we can classify the 
process of grain refinement into three stages. The first stage was the plastic 
deformation stage with a thickness reduction from 0 to 33 %. At this stage the 
initial equiaxed grains were heavily twisted and stretched; the dL/dT ratio 
increased rapidly from 1 to 4.5 and the mean grain size decreased from 60 μm 
to 46 μm. The second stage was the localised band formation stage with a 
thickness reduction from 33 % to 50 %. The grain size and the dL/dT ratio 
decreased drastically during this stage. Grain refinement mainly occurred in 
this stage. The third stage was the localised band development stage with a 
thickness reduction from 50 % to 83 %. In this stage both the grain size and 
dL/dT ratio decreased gradually. The microstructures observed inside shear 
band were very similar to that found in metals processed by severe plastic 
deformation (SPD), which ranged from highly elongated subgrains to equiaxed 
grains with a high angle of misorientation, and to fine recrystallized grains.The 
grain refining mechanisms at the three stages will be discussed in detail in the 
next section. 
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Fig. 4.10 Variations in grain size and the dL/dT ratio for the grains in the 
titanium plate after different cold-rolling deformation. 
4.3.3 TEM study of the microstructure refinement mechanisms within 
shear bands 
TEM investigation of the boundary regions between the shear-localisation 
areas and the matrix, as well as the outer regions of the localised bands, 
provided important information on the mechanism of microstructure evolution 
within the shear bands. Fig. 4.11 shows an example of the mechanical twin 
found in the area separating a sheared micro-region and the matrix at 33% 
rolling reduction. The bright-field image in Fig. 4.11a shows that the twin 
lamella consisted of several segments, three of which are labelled T1, T2 and 
T3. The TEM foil was tilted so that the twin boundary displayed a minimum 
projected width and thus was in the “edge-on” position. The SAD patterns 
obtained from the surrounding matrix (Fig. 4.11b) and the main part of the twin 
lamella T1 (Fig. 4.11c) were both close to the [ ]1021  zone axis. It should be 
noted that the precise zone axes for the matrix and twin were reached at 
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slightly different foil tilts which differed by about 2°. These patterns shared a 
coincidental ( )2110  reflection (circled in Figs. 4.11b and 4.11c) and the 
corresponding diffraction spots displayed mirror symmetry with respect to a 
common ( )2110  plane, which was approximately parallel to the twin plane 
(Fig. 4.11d). This indicates that the twin segment T1 represented a fine 
{ } 11102110  tensile twin, which was further confirmed by the misorientation 
angle/axis pair of ∼85°/ [ ]1021  derived from the SAD patterns (see Figs 4.11b 
and 4.11c), that is consistent with that calculated for the above twin system 
[192,193]. Similar fine { } 11102110  twins were also observed in the 
microstructure of commercial-purity Ti processed using surface mechanical 
attrition treatment (SMAT) by Zhu et al. [196]. The SAD patterns 
corresponding to the twin segments T1 (Fig. 4.11c) and T2 (Fig. 4.11e) were 
almost identical, which indicates that the boundary separating these segments 
was a low-angle dislocation wall, potentially formed as a result of deformation-
induced splitting of the twin lamella. By contrast, the boundary dividing 
segments T1 and T3 was a high-angle boundary, as indicated by the respective 
SAD patterns (Figs. 4.11c and 4.11f), which suggests that the segment T3 
might have been created as part of the twin lamella formation process. Similar 
transformation-induced subdivision of mechanical twin lamellae into segments 
separated by high-angle boundaries was also reported elsewhere [193,198]. 
Groups of parallel, fragmented mechanical twins interspersed with the matrix, 
forming an elongated lamellar structure aligned along the shear direction, were 
frequently observed in the shear-localisation areas. 
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The elongated twin/matrix lamellae in the sheared areas displayed a tendency 
to split through the formation of dislocation walls with increasing shear strain 
to form a thin lath microstructure. Fig. 4.12a reveals the early stages of this 
process observed in the boundary region of the macroscopic shear band at 83% 
rolling reduction. It shows an array of parallel elongated laths largely separated 
by high-angle boundaries, presumably originating from the matrix/twin 
lamellae, containing some low-angle longitudinal dislocation walls being in the 
process of their formation (some examples are indicated by small arrows in 
Fig. 4.12a). The formation of such walls clearly led to the progressive splitting, 
and thus narrowing of the twin/matrix lamellar structure. As a result of the 
localised shear deformation, the lath boundaries became curved and some lath 
regions appear to have been locally extruded out to form a bulge (some 
examples are marked by large arrows in Fig. 4.12a). It has been suggested by 
Xue et al. [170] that the bulge formation tends to accelerate the splitting 
process (Fig. 4.12b). For a given rolling reduction, the observed range of the 
lath widths was generally consistent with the transverse lengths (dT) of the fine 
elongated subgrains found within the shear bands. The above described 
experimental observations thus suggest that the thin laths are precursors of 
these fine subgrains, which have likely formed through the deformation-
induced transverse lath breakdown.  
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Fig. 4.11 TEM analysis of a mechanical twin formed in the area separating a 
sheared micro-region and the matrix at 33% rolling reduction (εVM = 0.47): (a) 
Bright-field image of the twin composed of segments T1, T2 and T3 and 
embedded in the matrix M; (b),(c),(e),(f) SAD patterns obtained from the M, 
T1, T2 and T3 regions, respectively (the corresponding locations are indicated 
by circles in (a)). The zone axis for the SAD patterns in (b),(c),(e) is [ ]1021  and 
for the SAD pattern in (f) this axis is [ ]3242 ; (d) Schematic of the 
superimposed reciprocal lattice sections corresponding to the SAD patterns in 
(b) and (c) (the solid line indicates the ( )2110  twinning plane). 
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Figure 4.13 shows an example of long thin laths, observed in the boundary 
region of a localised microscopic shear band at 67% rolling reduction, in which 
dislocations accumulated at several locations to form transverse dislocation 
walls as “bamboo nodes” (some examples are marked by the arrows in Fig. 
4.13b). The formation of these walls led to the lath breakdown into elongated 
segments. Furthermore, the laths displayed a tendency to become constricted at 
the locations of the transverse boundaries (a clear example is indicated by the 
large arrow in Fig. 4.13b). The dimensions of these segments were about 30 
nm in width and 100 nm in length, which is consistent with the sizes of the 
elongated subgrains observed within the microscopic shear band. This suggests 
that these bamboo-node dislocation walls gradually became converted to large-
angle boundaries, separating elongated subgrains, with increasing shear strain. 
It should be noted that, apart from the breakdown through the formation of 
transverse dislocation walls, the laths in Fig. 4.13 also clearly experienced 
some splitting by longitudinal boundaries.  
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Fig. 4.12 (a) TEM bright-field micrograph of the thin lath structure formed in a 
boundary region of the macroscopic shear band after 83% rolling reduction 
(εVM = 2.07); (b) Schematic representation of the lamella longitudinal splitting 
process enhanced by shear induced bulging of its boundary . 
TEM micrographs presented in Fig. 4.14 provide an insight into the mechanism 
of the gradual conversion of elongated lath segments to the fine elliptical, 
facetted subgrains found in both the interior of the microscopic shear bands and 
the outer regions of the macroscopic shear bands. The above figure shows an 
example of the lath microstructure formed at the boundary of the localised 
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microscopic shear band at 67% rolling reduction and containing a subgrain 
being in the process of its formation. The subgrain marked 2 in Fig. 4.14a is 
elliptical in shape and has clearly initiated from a pre-existing segment of the 
parent thin lath labelled 1. It is separated by high-angle boundaries from the 
neighbouring areas marked 3 and 4 (Figs. 4.14c-4.14e), originating from the 
highly misoriented lath interfaces, and contains few dislocations in the interior. 
Figure 4.14a shows that the parent lath has become markedly constricted at the 
boundary dividing it from the subgrain and the original facet separating regions 
2 and 4 has split to form two new facets. The subgrain elongation axis is 
slightly deflected from the long lamella axis and the subgrain remains 
connected to the parent lath matrix by a medium-angle boundary with a 
misorientation angle of about 5°, which suggests that the subgrain has 
undergone a significant rotation (Figs. 4.14b and 4.14c). Such types of linkages 
between the elongated subgrains and the parent lath matrix were frequently 
observed in the present study. Interestingly, some well-developed fine 
(sub)grains were already detected within the sheared micro-regions after 33% 
rolling reduction (Fig. 4.15). The aforementioned observations strongly suggest 
that the roughly equiaxed nanosized (sub)grains found within the macroscopic 
shear band centre at large strains (Fig. 4.9) did not evolve through a process of 
nucleation and growth. Instead, they likely developed through a continuous 
deformation-induced fragmentation of the pre-existing thin laths, first 
generating fine elongated subgrains followed by the formation of equiaxed 
nanosized (sub)grains with increasing shear strain.  
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TEM micrographs shown in Figure 4.16 provide a further contribution to the 
understanding of the above fragmentation process. This figure displays an 
example of the microstructure formed in the macroscopic shear band outer 
regions at 83% rolling reduction. The microstructure was rather non-uniform 
and contained a mix of slightly elongated and roughly equiaxed fragments that 
clearly formed through a process of breaking down the pre-existing elongated 
laths (examples of two clearly discernible fragmented lath segments are 
marked by dotted lines in Fig. 4.16). Furthermore, the microstructure character 
was rather “turbulent”, with the laths having different longitudinal axes and 
displaying pronounced local bending. This likely further enhanced the 
transverse lath breakdown. It is also seen from Fig. 4.16 that the boundaries 
delineating the equiaxed fragments were sharply discernible and the dislocation 
density within these fragments was low, the smallest fragments frequently 
containing few dislocations. Some lateral sliding and bulging of the fragments 
out of the parent lath matrix, which generated new boundary facets, was also 
frequently observed (several examples are indicated by the arrows in Fig. 
4.16). The extended lath boundaries largely displayed medium to high 
misorientation angles while the misorientations across the shorter transverse 
boundaries ranged from low to high angles. Thus, a majority of the equiaxed 
fragments shown in Fig. 4.16 can be described as (sub)grains bounded partly 
by lower-angle and partly by high-angle boundary facets. Some of these 
fragments were completely bounded by high-angle boundary facets and can be 
thus classified as grains. As illustrated in Fig. 4.9, the lath fragmentation 
process in the macroscopic shear band centre led to the formation of the 
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microstructure that was dominated by polygonized, equiaxed (sub)grains and in 
which the trace of shear deformation was almost completely eliminated. The 
presence of nanosized grains, fully enclosed by high-angle boundaries, in this 
microstructure was observed to be markedly higher than that found in the shear 
band outer areas. This observation was likely a consequence of a large 
localized shear strain, developed in the shear band centre, that promoted further 
(sub)grain rotation, which in turn increased the frequency of high-angle 
boundaries compared to the outer shear band zones. This was also consistent 
with the character of the SAD patterns obtained from the respective areas. 
 
 
 
C H A P T E R  F O U R  
 
 
 
101 
 
Fig. 4.13 (a) TEM bright-field image of long laths breaking down into 
subgrains, through the formation of transverse dislocation boundaries, in a 
boundary region of the localised microscopic shear band after 67% rolling 
reduction (εVM = 1.27); (b) Corresponding dark-field image; (c) Schematic 
illustration of the gradual transverse breakdown process promoted by the 
conjugated shear stress. 
C H A P T E R  F O U R  
 
 
 
102 
 
Fig. 4.14 (a) TEM bright-field image of the thin lath structure at the boundary 
of the localised microscopic shear band after 67% rolling reduction (εVM = 
1.27). The area contains a subgrain labelled 2 connected to the parent lath 
marked 1; (b-e) Micro-diffraction patterns corresponding to the areas 1-4 
labelled in (a), respectively. The diffraction pattern in (b) displays a [ ]1021  
zone axis and the pattern in (c) shows a systematic (0002) line of reflections 
(marked by the dotted line) resulting from a rotation of (b) by about 5° around 
the c-axis. Each of the diffraction patterns in (d) and (e) represents overlapping 
high-index zones and cannot be unambiguously indexed, but these patterns 
clearly show high-angle misorientations (above 15°) relative to (c).  
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Fig. 4.15 TEM bright-field image of the well-developed fine subgrains 
(arrowed) found within the sheared micro-regions after 33% rolling reduction 
(εVM=0.47).  
 
Fig. 4.16 TEM bright-field image of the coexisting elongated subgrains and 
equiaxed (sub)grains in the macroscopic shear band outer region after 83% 
rolling reduction (εVM = 2.07). 
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4. Discussion 
The temperature increase induced by deformation is expected to play an 
important role in the microstructure development and formation of the 
equiaxed nanosized (sub)grains inside the shear bands. A simple calculation of 
the temperature increase (∆T) during rolling deformation has been performed 
in the present work using the equation Tcpflow ∆= ρεβσ  [199], where β is the 
thermal conversion factor taken as 0.9, flowσ  is the plane flow stress 
( σσ ×= 3/2flow  [200] where σ is the tensile strength equal to 366 MPa), ε  
is the deformation strain, ρ is the density equal to 4.5 g cm-3 and cp is the 
specific heat capacity taken as 523 J kg-1 K-1. The temperature increase values 
calculated for both the overall specimen and shear band interiors at different 
rolling reductions are given in Table 4.1. It can be seen that, as a result of high 
levels of localised shear strain, the temperature increase estimated for the 
interior of shear bands is markedly higher than that of the entire specimen. The 
estimated temperature increase in the centre region of the macroscopic shear 
band at 83% rolling reduction is about 1020 K, which is slightly higher than the 
expected recrystallisation temperature of titanium taken as 0.5 Tm, where Tm is 
the melting temperature of titanium (1943 K). However, considerable specimen 
heat losses can be expected to have occurred during the rolling process, due to 
both convection to the rolls and air cooling during the delays between 
individual rolling passes and conduction to cooler regions of the sample during 
these periods. Therefore, the actual deformation-induced temperature increases 
within both the shear bands and in the overall specimen can be expected to be 
significantly lower than the values given in Table 4.1. This suggests that the 
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recrystallisation threshold has not likely been exceeded in the macroscopic 
shear band centre areas, which is also supported by the observed absence of 
grains that would clearly form through the recrystallisation mechanism in these 
locations. Nevertheless, given high estimated levels of deformation-induced 
heating in the shear band interiors presented in Table 1, it is plausible to 
suggest that significant temperature increases do occur in these areas at high 
rolling reductions, which is expected to enhance the recovery processes.  
Table 4.1 Estimated values of shear strain within the shear bands together with 
the deformation-induced temperature increases calculated for both the overall 
sample matrix and shear bands at different rolling reductions. 
Rolling 
reduction 
(%) 
Von Mises 
strain ε
Shear 
strain in 
the shear 
bands ε
VM 
Temperature 
increase in the 
matrix ΔT
s 
M
Temperature 
increase in the 
shear bands ΔT (K) S
33 
 
(K) 
0.47 - 76 - 
50 0.80 2.31 129 374 
67 1.27 3.08 205 498 
83 2.07 6.32 335 1020 
 
The microstructure development, observed within the shear localisation areas 
in the present work, can be summarised as follows. Micro-regions with 
localised shear deformation are first initiated at low strains. These microregions 
contain fine twin/matrix lamellae, thin laths and elongated subgrain structures 
interspersed with the deformed matrix comprised of dislocation cells. Further 
shear localisation with increasing strain leads to the formation and 
multiplication of approximately parallel, distinct microscopic shear bands 
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inclined to the rolling direction at an angle of about 40°. These bands contain a 
mix of thin lath structures and elongated subgrains. The microscopic shear 
bands gradually grow, as a result of the strain becoming increasingly 
concentrated in the sheared regions, and finally coalesce to form a macroscopic 
shear band. At large strains, the macroscopic shear band represents a complex 
composite structure containing thin lath structures in the boundary regions, fine 
elongated subgrains in the outer areas and nanoscale, roughly equiaxed 
(sub)grains in the centre region. This suggests that there is a significant strain 
gradient across the macroscopic shear band, resulting from the gradual 
development of the band; the centre region experiencing larger shear strain 
compared to the outer regions. Thus, the roughly equiaxed, nanoscale 
(sub)grains found in the shear band centre are a final product of the process of 
progressive splitting and breakdown of the thin elongated structures, which 
appear to partly originate from the matrix/twin lamellar structure aligned 
approximately parallel to the shear direction. The present microstructure 
investigation has thus clearly revealed that the above nanosized (sub)grains are 
formed entirely through a shear deformation-induced process, as no clear 
evidence of possible nucleation and growth of new recrystallised grains is 
observed. Nevertheless, a temperature increase resulting from deformation-
induced heating (Table 4.1) can be expected to enhance the recovery processes, 
in particular within the shear band centre at large rolling reductions, which is 
consistent with the microstructure characteristics observed by TEM.  
The mechanism of the microstructure evolution within shear bands is 
schematically illustrated in Fig. 4.17. Before the onset of shear localization, 
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mechanical twins are frequently observed within the deformed grains (Fig. 4. 
4). These twins are often divided into several segments separated by high-angle 
boundaries (Fig. 4. 11), presumably as a result of the multiple twinning events 
which have been reported to frequently occur within the mechanical twins 
formed in hcp materials [193,194,198]. A significant lattice rotation in the 
areas of shear localizstion inevitably leads to the activation of additional twin 
systems. The twins become incorporated into the localised bands and gradually 
reorient themselves toward the shear band direction. These mechanical twins 
rapidly multiply until they reach a saturated state forming a twin/matrix 
lamellar structure with a relatively narrow spacing (Fig. 4. 17a).  
 
 
 
 
Fig. 4.17 Schematic representation of the suggested mechanism of the 
microstructure evolution within the shear band interior with increasing strain: 
(a) Formation of the mechanical twin/matrix lamellae; (b) Longitudinal 
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splitting of the lamellae to form thin laths; (c) Transverse breakdown of the 
laths to form elongated subgrains; (d) Further breakdown and rotation of the 
subgrains to form equiaxed nanoscale (sub)grains. The grey level is 
proportional to the local shear strain. 
 
The experimental evidence obtained in the present work suggests that the 
gradual transition from the elongated twin/matrix lamellar structure to the final 
roughly equiaxed (sub)grains is mainly accomplished by two deformation-
induced processes: longitudinal splitting and transverse breakdown. The 
splitting mechanism is primarily responsible for the transition from the 
elongated twin/matrix lamellae to the thin lath structure (Fig. 4.17b). The 
breakdown mechanism mainly controls the conversion of the latter structure 
first to the fine elongated subgrains (Fig. 4.17c) and finally, in conjunction with 
lattice rotations, to the roughly equiaxed nanosized (sub)grains (Fig. 4.17d). 
Although longitudinal splitting generally occurs prior to intense transverse 
breakdown, these two mechanisms might occur simultaneously. In the 
following section, these two processes will be described in more detail. 
With increased deformation, the mechanical twinning gradually becomes 
exhausted and the dislocation activity then dominates the deformation process 
[196]. Dislocations tend to become arranged in extended dislocation walls 
[196,201] that are generally approximately parallel to the matrix/twin lamellar 
boundaries. This leads to the progressive splitting, and thus narrowing of the 
matrix/twin lamellae and to the formation of a finely spaced lath structure 
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containing a mix of twin boundaries and dislocation walls (Fig. 4.12a). Twin 
boundaries gradually become severely distorted and thus converted to general 
high-angle boundaries with increasing strain [202]. In parallel, the dislocation 
walls continue to receive dislocations and increase their misorientations until 
they finally become transformed to high-angle boundaries [190,202]. As a 
result, it is frequently not possible to clearly distinguish the origin of the lath 
boundaries at large strains. Xue and Gray III [171] have suggested that the 
above splitting process is promoted by the interactions between the adjacent 
elongated lamellar segments under heavy shear deformation. Once the lamellae 
develop some perturbations or bulges, largely created due to their transverse 
breakdown into shorter segments, their longitudinal boundaries become 
undulating (Figs. 4.12a and 4.13). The adjacent segments then push the bulges 
to split apart from the parent lamellae, which results in further narrowing of the 
lamellae and the formation of a thin lath structure (Fig. 4.12b).  
It has been observed that the dislocations within the laths tend to accumulate at 
some locations to form transverse dislocation walls as “bamboo nodes”. This 
first leads to the lath progressive breakdown into fine elongated subgrains 
(Figs. 4.7, 4.8 and 4.13-4.15) and finally, in conjunction with lattice rotations, 
to the formation of roughly equiaxed nanosized (sub)grains (Figs. 4.10 and 
4.16). It has been suggested that the driving force for this process is mainly 
provided by the conjugated shear stress [171]. This shear stress is also likely to 
promote the observed lateral sliding of some of the lath segments out of the 
parent matrix, which leads to the formation of new large-angle boundary facets 
(Figs. 4.14-4.16). This mechanism is thus expected to contribute substantially 
C H A P T E R  F O U R  
 
 
 
110 
to the transition from the elongated lath subgrains to the roughly equiaxed 
nanosized (sub)grains found in the macroscopic shear band core region (Fig. 
4.10). It seems plausible to expect that, with further increase in localized shear 
strain, the fragmentation and rotation processes within the macroscopic shear 
band centre would ultimately lead to the formation of equiaxed nanosized 
grains fully enclosed by high-angle boundaries.  
Isolated dislocations that were frequently present within both the fine elongated 
subgrains and ultrafine equiaxed (sub)grains provide evidence that plastic 
deformation within these structures largely occurs through dislocation slip 
processes down to the smallest fragments observed in the present work. This is 
in agreement with the published data suggesting that dislocation processes 
govern plastic deformation within microstructural fragments as fine as 5 nm 
[191,201]. The gradual subdivision process of the starting matrix/twin lamellar 
structure of hcp titanium observed in the present work within the shear 
localisation areas might thus be principally described within the Risø 
framework of deformation microstructure evolution by slip processes [202], 
originally developed predominantly for fcc and bcc metallic materials. 
According to this concept, starting grains (matrix/twin lamellae) tend to 
progressively subdivide during straining into cell blocks separated by 
“geometrically necessary” boundaries (GNBs) and containing “incidental” 
dislocation boundaries (IDBs) formed by statistical trapping of slip 
dislocations. Typical shapes of cell blocks accommodating large plastic strains 
are thin laths, delineated by extended GNBs and subdivided into shorter 
segments by a mix of transverse GNBs and IDBs. The lath structure parameters 
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have been observed to scale in proportion to strain up to very large strain levels 
[202]. GNBs are predominantly large-angle boundaries while IDBs are 
generally low-angle dislocation walls at medium to large strains, and the 
misorientation angle for both boundary types typically increases and their 
spacing decreases with increasing strain due to a continuous accumulation of 
dislocations in the structure. As a result, the GNBs are first converted into 
high-angle boundaries, followed by the conversion of transverse IDBs, and the 
grain subdivision process thus ultimately leads to the formation of nanosized 
equiaxed grains separated by high-angle boundaries at very large strains [202].  
It should be emphasised that a remarkable microstructure refinement has been 
achieved in the present work in the centre of shear bands after 83% rolling 
reduction, with the average size of the equiaxed (sub)grains reaching a value as 
low as about 70 nm. This value is just slightly lower than that of 80-100 nm 
reported for the equiaxed grains formed in commercial purity titanium 
subjected to accumulated roll bonding by Terada et al. [197]. This implies that 
these grains might have indeed originated from macro-shear and micro-shear 
bands as tentatively suggested by the above authors. Thus, it seems that 
deformation by heavy cold rolling can result in a level of microstructure 
refinement within shear bands generally associated with the adiabatic shear 
band development during dynamic loading [172,203,]. The microstructure 
observed within the shear bands in the present work appears to bear a 
considerable resemblance to the microstructures typically obtained by SPD 
processes [162,191]. Indeed, it has been suggested that intense plastic 
deformation within the shear band might actually be classified as an SPD 
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process [165]. Thus, it seems plausible that some of the mechanisms of the 
microstructure refinement within the shear localisation areas suggested in the 
present work might be also applicable to the SPD processes.  
5. Conclusions 
The microstructure evolution within the shear localisation areas, formed in 
commercial-purity titanium during cold rolling deformation, has been 
systematically investigated in the present work. The following conclusions can 
be drawn from this investigation: 
1. Sheared micro-regions, containing fine twin/matrix lamellae, thin laths and 
elongated subgrain structures interspersed with the deformed matrix, are first 
initiated at low strains.  
2. Further shear localisation with increasing strain leads to the formation and 
multiplication of distinct microscopic shear bands, inclined to the rolling 
direction at about 40°, containing a mix of thin lath structures and elongated 
subgrains.  
3. The microscopic shear bands gradually grow and finally coalesce to form a 
macroscopic shear band containing thin lath structures in the boundary regions, 
fine elongated subgrains in the outer areas and roughly equiaxed (sub)grains 
with a mean size of about 70 nm in the centre region. 
4. The early stage of shear localisation involves the formation and 
multiplication of mechanical twins, which leads to the development of 
twin/matrix lamellar structure aligned along the shear direction.  
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5. The twin/matrix lamellae subsequently undergo gradual splitting into thin 
laths through the formation of longitudinal dislocation walls. The splitting 
process is promoted by the interactions between the adjacent elongated 
lamellar segments under heavy shear deformation.  
6. The thin laths are subjected to progressive transverse breakdown via the 
formation of short transverse dislocation boundaries, giving rise to the fine 
elongated subgrains. The driving force for this process is mainly provided by 
the conjugated shear stress that also promotes the lateral sliding of some of the 
lath segments out of the parent matrix, which leads to the formation of new 
large-angle boundary facets.  
7. The continuing lath breakdown, in conjunction with lateral sliding and lattice 
rotations, ultimately leads to the formation of a mix of roughly equiaxed, 
nanosized (sub)grains and grains, bounded partly or fully by high-angle 
boundaries respectively, in the macroscopic shear band centre at large strains.  
8. The gradual fragmentation process of microstructure within the shear 
localisation areas might be principally described within the Risø framework of 
deformation microstructure evolution by slip processes, originally developed 
predominantly for fcc and bcc metallic materials. 
9. Some of the mechanisms of the microstructure refinement within the shear 
localisation areas suggested in the present work might also be applicable to 
other severe plastic deformation processes.  
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C H A P T E R  F I V E  
The Effect of Deformation-Induced Heating 
on Bond Strength of Rolled Metal 
Multilayers 
5.1 Introduction 
Roll bonding, as a solid phase welding method to bonding the same or 
dissimilar metals by roll deformation at room temperature, has been widely 
applied to fabricate multilayered composites [204]. The strength of the bond is 
a critical factor for successful fabrication of nanocrystalline or ultrafine grained 
structure by accumulative roll bonding (ARB) [37,41,206]. The bond strength 
also significantly affect the mechanical properties of the metallic composites 
produced by roll bonding [206,207] and the utilization of the “cold roll/heat 
treatment/cold roll” method to fabricate metallic multilayers [125,208.209]. It 
has been established that the bonding temperature is an important parameter 
influencing the adhesion of the roll bonding metals. Nicholas and Milner [42] 
revealed that the threshold deformation, the required minimum deformation to 
create a sound bond, decreases with increasing rolling temperature. Tsuji [205] 
reported that the threshold deformation at a rolling temperature lower than half 
of the homologous melting point is about 50% strain during ARB. Quadir et al. 
[210] investigated the relationship between bond strength and rolling 
temperature using fracture principles. It was found that there is a definite 
increase in bond strength with increasing rolling temperature. 
During roll bonding, stacked metal sheets or foils are bonded after rolling to 
relatively high reductions. Such deformation will inevitably lead to adiabatic 
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heating. The deformation-induced localized heating has been regarded as one 
of the reasons for the formation of ultrafine grained structures in low thermal 
conductivity metals using the ARB process [197,199]. The significant increase 
in temperature at the internal interfaces during roll bonding deformation will 
influence the roll bond strength. However, questions pertaining to the effects of 
deformation-induced adiabatic heating on the roll bond strength have not been 
directly investigated in prior studies, to date.  In this chapter, some new 
findings on the bond strength of various metallic multilayers by cold rolling of 
metal foils with different thermal conductivity are presented and the 
relationship between the deformation-induced localized heating and the bond 
strength was discussed. 
5.2 Experimental procedures 
5.2.1 Materials 
Commercially available pure metal foils were used as base materials in the 
present study. The initial thickness and the thermal conductivity of the metal 
foils used in this study are given in Table 1. 
Table 5.1 The initial thickness and the thermal conductivity of the used metal 
foils. 
Metal foils Cu Al Fe Nb Ti 
Thickness (μm) 200 200 50 50 50 
Thermal Conductivity (Wm/K) 401 237 80.2 53.7 21.9 
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5.2.2 Bonding procedures of multilayers 
The metal foils were roughened with a steel brush, ultrasonically cleaned in 
acetone and then cut into 30 mm × 10 mm pieces. Two different material 
cleaned metal foils were stacked in alternating sequence to form a “sandwich” 
with a total thickness of 4.0 mm. The sandwich samples were placed in a 
titanium foil bag to prevent contamination, and then cold rolled to a thickness 
of 2.0 mm by a motorized, 350 mm diameter rolling mill with a high mean 
strain rate 30 s-1. 
5.2.3 Bond strength test 
The bond strength between the rolled multilayers was determined according to 
the method proposed by Kim et al. [211]. A square sample 10 mm × 10 mm 
was cut from the centre of the rolled multilayer and both sides were then glued 
to cylindrical stainless steel shafts with a diameter of 10 mm and length of 20 
mm using a strong glue (Selleys Quick Fix). Tensile load was applied to shafts 
with a servo hydraulic material testing machine (MTS insight 100) at a 
crosshead speed of 1 mm/min at room temperature until fracture occurred. The 
tensile bond strength was calculated from the fracture load and surface area. 
For each kind of rolled multilayer, five specimens were tested to obtain the 
mean bond strength.  
5.2.4 Microstructure characterisation 
The rolled multilayer was characterised using a scanning electron microscope 
(SEM, Leica S440) and a transmission electron microscope (TEM, JEOL 
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JEM2100) in the transverse direction (TD) of the samples. Sample preparation 
for SEM observations involved the following steps. Firstly, samples were 
ground using SiC papers of 240, 600, 1200 grit successively. Subsequently, 
samples were mechanically polished using 9, 6 and 1 μm diamond and 0.05 μm 
silica suspensions. For TEM sample preparations, a slice of the rolled specimen 
was first cut perpendicular to TD. One side of the slice was thinned by grinding 
to a sheet with a thickness of approximately 100 μm. Due to only 2 mm in the 
thickness of the multilayer, a rectangle piece with a length of of 3 mm and 
width of 2mm was subsequently punched out from the sheet. The rectangle 
piece was then carefully ground to approximately 50 μm in thickness and 
finally subjected to low-energy ion milling in a PIPS system (Gatan) for 
perforation.  
5.3 Results 
5.3.1 Bond strength and bond quality 
The bond quality and mean bond strength of the various rolled multilayers are 
listed in Table 5.2. It can be seen that bonding was not achieved for the rolled 
Cu/Nb, Cu/Fe and Cu/Al systems and thus no bond strength could be obtained. 
However, the rolled Al/Ti, Al/Nb and Al/Fe showed proper bonding with bond 
strengths of 52.4 MPa, 36.8 MPa and 17.6 MPa, respectively. The rolled Cu/Ti 
exhibited poor quality bonding with a low bond strength of 7.5 MPa. 
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Fig. 5.1 SEM images of metal multilayer after roll bonding. (a) Al/Ti, (b) 
Al/Nb, (c) Al/Fe, (d)  Cu/Ti 
Fig. 5.1 shows the SEM micrographs of the roll bonded multilayers from the 
transverse direction. The roll bonded Al/Ti (Fig. 5.1a) and Al/Nb (Fig. 5.1b) 
have good bond with almost straight lines at the interfaces; the delamination of 
layers or voids were not observed. The presence of a discrete boundary 
between different layers implies that no significant interdiffusion occurred 
during the roll bonding process. However, for the roll bonded Al/Fe (Fig. 5.1c) 
and Cu/Ti (Fig. 5.1d), some areas at the interfaces showed debonding as the 
result of cracks and the inhibition coming from oxide films between the layers. 
Fig. 5.2 shows the SEM micrographs at high magnification, illustrating the 
debonding details of the Al/Fe and Cu/Ti shown in Fig. 5.1c and Fig. 5.1d. It 
can be seen that porous thick films and cracks existed at the interfaces. EDS 
analysis of the bright film indicated that it is rich in oxygen, implying the oxide 
film nature. Also, cracks were observed and debonding was distinguishable 
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between the oxide films due to the occurrence of cracks. Some areas, in which 
no cracks and oxide films could be found at the interfaces, showed full bonding 
between the exposed clean metals. It should be noted that during roll bonding, 
the metal foils plastically deform and extend; however, since the oxide film has 
a much low ductility than metal foils, the oxide films can respond to such 
deformation only by fracturing, leaving fresh metal contacts and roll bonding 
to at some regions [204]. As a result, the interface is a combination of oxide 
fragments and bonded areas. 
 
Fig. 5.2 High magnification SEM images of roll bonding interfaces: (a) Al/Fe, 
(b) Cu/Ti 
 
Table 5.2 The bond quality and mean bond strength of various rolled 
multilayers. 
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Rolled 
multilayered Al/Ti Al/Nb Al/Fe Cu/Ti Cu/Nb Cu/Fe Cu/Al 
Bonding quality High High Medium Low     No  bonding 
No 
bonding 
No 
bonding 
Bond strength 
(MPa) 52.4 36.8 17.3 7.5 _ _ _ 
 
Fig. 5.3 shows SEM images of the fracture surfaces after the bond strength test. 
Fig. 5.3a shows the strong bond of Al/Ti, indicates significant permanent 
deformation of the asperity tops, giving rise to relatively large true areas of 
contact, resulting in a large number of adhesive bonds. Figs. 5.3b and 5.3c 
demonstrate the average bond strength, indicating similar behaviour but the 
contact surfaces are somewhat smaller than those in Fig. 5.3a. The surfaces of 
the poorly bonded Cu/Ti are shown in Fig. 5.3d demonstrating much lower 
roughness and a noticeably smaller true area of contact. The appearance of the 
fracture surface suggests little permanent deformation of the asperity tops and 
that bonding only occurred at the top of the asperities. 
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Fig. 5.3 SEM images of fracture surfaces after bond strength test: (a) Al/Ti, (b) 
Al/Nb, (c) Al/Fe and (d) Cu/Ti. 
5.3.2 Influence of thermal conductivity on the bond strength 
Comparing the thermal conductivity and the bond strengths listed in Table 1 
and Table 2, it would appear that the metallic multilayer with low thermal 
conductivity exhibits relatively high bond strength, while high thermal 
conductivity metal multilayer system may fail to be roll bonded. Generally, the 
roll bonding of metals is affected by a number of factors. Among these factors, 
the amount of deformation, the bonding temperature and the preparation of the 
bonding surfaces are the most important factors [204,210,213-215]. In the 
present study, the amount of deformation of the different metal multilayers is 
the same: 50% reduction in the initial thickness after roll bonding. Before roll 
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bonding, all metal foils were brushed with stainless wires and cleaned 
ultrasonically in acetone in order to remove oxide film on the surfaces. So the 
bond strength of the different metal multilayered system in this study is mainly 
influenced by the rolling temperature. Although it should also be noted that the 
nature of the oxide and hence its removal may also play a role. 
5.4 Discussion 
Theoretical and experimental studies have been carried out on the deformation-
induced temperature increase in severe plastic deformation process [216,217]. 
However, the relationship between the deformation-induced heat generation at 
the layer interfaces during roll bonding and the bond strength has received far 
less attention. The results of the present study revealed that under the same 
conditions of deformation and surface preparation, the higher bond strength 
was obtained in the metal multilayer systems with lower thermal conductivity. 
The deformation-induced localized adiabatic heating can be treated as planar 
sources of heat. Therefore, the temperature increase within the shear region 
induced by localized shear deformation can be expressed by [218]: 
)4/exp(2/ 2 ktRktQT −=∆ π                                                                          (1) 
where Q is the amount of heat, k is thermal conductivity, and t is the time, 
while R is the effective distance from heat source. Assuming that the plastic 
deformation work in the rolling is totally transformed into heat, the generated 
heat Q can be expressed as [219]: 
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 AvZSKQ m /η=                                                                                               (2) 
where S is the reduction in area, Km is the mean flow stress, υ is rolling speed, 
Z is time of rolling, η is a constant and A is the mechanical equivalent of heat, 
427 kg m K-1. In the present study, the plastic deformation work of the 
different metal multilayers is the same, thus the amount of heat is equal. With 
the combination of Eq. (1) and Eq. (2), we can see that the metallic multilayer 
with lower thermal conductivity has a larger rise in temperature by 
deformation-induced localized adiabatic heating. 
It can be hypothesized that the bonding between metal foils is mainly 
mechanical bonding. This is based on the time available for diffusion, which is 
about 13 ms in the roll bonding process. There was not much mass transfer 
possible in such a short time, despite the large interfacial pressures introduced 
by rolling and large temperature rise caused by deformation. Mechanical 
bonding is caused by the attraction force between atoms. Thus, the atoms’ 
energy at the interface is one of the critical factors for mechanical bonding. 
According to the energy barrier theory, the mechanical bonding occurs when 
the atoms’ energy at the interface exceed the activation energy [213,220]. To 
achieve mechanical bonding, it is necessary to overcome the activation energy 
for the bond formation in the roll bonding process. This energy may be 
provided by deformation and heating [213]. In this study, the amount of plastic 
deformation of all the metal foil systems was the same: 50% reduction in the 
initial thickness after roll bonding process. Under the same deformation 
condition, deformation-induced localized heating in the systems of Al/Ti, 
C H A P T E R  F I V E  
 
 
 
125 
Al/Nb, Al/Fe and Cu/Ti is enough to overcome the activation energy required 
for the formation of the mechanical bond. For the systems of Cu/Nb, Cu/Fe and 
Cu/Al, the deformation-induced localized heating is insufficient for the 
required activation energy. As a result, the roll bonding for the systems of 
Al/Ti, Al/Nb, Al/Fe and Cu/Ti were achieved while the systems of Cu/Nb, 
Cu/Fe and Cu/Al failed to be bonded. 
The deformation-induced localized adiabatic heating is relatively large in the 
present study because of the high strain rate (30 s-1). Thus, it is expected that 
the increase in temperature due to the localized adiabatic heating in the metal 
foil systems with low thermal conductivity is high. Such a high temperature 
rise induced by deformation may contribute to the bond strength between the 
metal foils in several ways. The wire-brushing during the preparation of the 
metal foils may produce a very hard and brittle layer with nanocrystalline 
structure on the surface of metal foil [221,222]. Whereas at room temperature 
the brushed layer is broken and fragmented during roll bonding process, at high 
temperatures the brushed layer becomes ductile and can extend along the 
length of the bonded interface [42]. In the metal foil systems, Al/Ti, Al/Nb and 
Al/Fe have low thermal conductivity. During roll bonding, the temperature rise 
due to deformation-induced localized heating in these systems was relatively 
high. The brushed layers in these systems deformed in an intermediate manner, 
showing partial fragmentation with some ductility. Thus at some sections of 
the bonded interface, the oxide film adhered on the brushed layer broke up 
with the brushed layer and bonding took place between fresh metal. At other 
areas, brushed layers extended and bonding took place between brushed layers. 
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Fig. 5.1 illustrated that the high bond strength was obtained if the effects of the 
brushed layer could be reduced by deformation-induced localized heating. 
When the brushed layer becomes ductile and extends along the interface, 
recrystallisation may occur near the bonding region. It is reported that 
recrystallisation at the bonded interfaces improves the bonding [42,210]. Fig. 
5.4 shows the TEM image of the microstructure development of the Al layer at 
the bonded interface in the Ti/Al system after roll bonding. It indicates that the 
Al layer at the bonding interface has completely recrystallised with obvious 
grain growth have taken place, sharply delineating the grain boundaries. 
 
 
 
Fig. 5.4  TEM image of roll bond interface in Al/Ti metal system. 
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5.4 Conclusions 
In summary, the bond strength of various multilayers produced by cold rolling 
of metal foils with different thermal conductivity was investigated. It was 
found that the metallic multilayer system with a lower thermal conductivity has 
higher bond strength while the high thermal conductivity metal system may fail 
to be roll bonded. The relationship between the deformation-induced localised 
heating and the bond strength was discussed. The deformation-induced 
localised heating in the low thermal conductivity metal multilayer systems may 
provide opportunities for achieving a successful accumulative roll bonding or a 
“cold roll/heat treatment/cold roll” process to synthesise metallic multilayered 
materials. 
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C H A P T E R  S I X  
Ultrafine Equiaxed-grain Ti/Al Composite 
Produced by Accumulative Roll Bonding  
6.1 Introduction 
Metallic multilayered composites, consisting of alternating metal or reinforced 
metal layers, can dramatically improve a range of mechanical properties [223]. 
Ti/Al multilayered composites have great potential for industrial applications 
due to their excellent mechanical properties combined with low density [224]. 
These composites are economically more attractive than monolithic Ti, as Al is 
significantly less expensive than Ti. Accumulative Roll Bonding (ARB) [37] 
and the “cold roll/heat treatment/cold roll” method [125,208] are two of the 
novel low-temperature processes for the fabrication of multilayered 
composites. Over recent years, ARB has been successfully used to produce 
multilayered structures for a range of bimetal systems, including Al-Cu [47], 
Cu-Ag [187], Al-Al (Sc) [225] and Al-Pt [107] etc. However, to date there has 
been little work conducted on the Ti-Al system by ARB. Moreover, the 
difference between the hexagonal crystal structure of Ti and the face-centred 
cubic Al can be expected to influence the deformation processes during ARB 
and the microstructure evolution in Ti-Al system might thus be significantly 
different compared to the systems with only cubic crystal structure metals, e.g. 
Al-Cu [47] and Al-Al (Sc) [225]. It is assumed that when plastic deformation 
occurs in a multilayered sample during the ARB process, the soft matrix layers 
undergo increasingly localized deformation and preferential strain hardening. 
The soft matrix region around the hard component being strain-hardened can 
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support more load to resist further deformation and subsequent multiple 
necking processes will occur locally along the entire length of the layers 
[107,226].  
The aim of this chapter is to produce Ti/Al metallic multilayered composite 
through the ARB process. An increased ratio of initial thickness of Al to Ti 
layers, as well as reversal of the rolling direction between each ARB cycle, 
were used in the current work. The microstructure evolution and the 
mechanical properties of the obtained multilayered Ti/Al composite were 
reported. 
6.2 Experimental Procedures 
6.2.1 Material 
The Ti/Al metallic multilayered composites were prepared by rolling foils of 
commercially available pure Ti (99.98 wt %) and Al (99.97 wt %) with the 
initial thickness of 50 μm and 200 μm, respectively. 
6.2.2 Accumulative roll bonding 
The process essentially follows that in Chapter 5.  Ti and Al foils were 
roughened with a steel brush and then stacked in an alternating sequence to 
form a “sandwich” with a total thickness of 4.0 mm. The sandwich sample was 
cold rolled to a thickness of 2.0 mm with a high mean strain rate of 30 s-1. The 
samples were cut in half and the two halves were then placed together, thereby 
returning to their original thickness. They were then cold rolled again using the 
same distance between rolls but under the reversed rolling direction. This 
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process is defined as one ARB cycle. Ti/Al multilayered samples were 
prepared by the ARB process to a maximum of 12 ARB cycles, corresponding 
to von Mises strain of 9.6. 
6.2.3 Microstructure characterisation 
The microstructure of the multilayer Ti/Al composite after various ARB cycles 
was investigated using scanning electron microscopy (SEM, Leica S440) and 
transmission electron microscopy (TEM, JEM 2100) in the transverse direction 
(TD) of the sample. Sample preparations were performed for SEM 
observations in the following steps. Firstly, samples were ground using SiC 
papers of 240, 600, 1200 grit successively. Subsequently, samples were 
mechanically polished using 9, 6 and 1 μm diamond suspension and 0.05 μm 
silica. For TEM sample preparations, a slice of the rolled specimen was first 
cut perpendicular to TD. One side of the slice was thinned by grinding to a 
sheet with a thickness of approximately 100 μm. A disc with a diameter of 3 
mm was subsequently punched out from the sheet. The disc was then carefully 
ground to approximately 50 μm in thickness and finally subjected to low-
energy ion milling in a Gatan PIPS system to perforation.  
6.2.4 Mechanical properties testing 
Tensile tests were conducted at room temperature in the Instron 30 KN 
machine at a strain rate of 8.3 × 10-4 s-1. The width and the length of the gage 
section of the test specimens were 5 mm and 10 mm, respectively. The tensile 
direction was parallel to the rolling direction (RD) of the samples. Vickers 
microhardness test was performed using a microhardness tester (FM 700) 
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under a load of 50 g on the transverse section in more than ten points on both 
Ti and Al layers and the average value was reported here. 
6.3 Results 
6.3.1 Microstructural evolution with ARB cycle number 
Figure 6.1 shows the macro-structure evolution of the Ti/Al multilayered 
composites after different ARB cycles. After the initial ARB cycles (n < 4), the 
metal layers were uniform and coherent (Fig. 6.1a). In subsequent ARB cycles, 
the thickness of the Ti layers became non-uniform and some shear bands 
developed in the multilayered composite (Fig. 6.1b). After a large number of 
ARB cycles, the Ti layers became fragmented and displayed multiple necks as 
a result of inhomogeneous deformation of layers and the shear bands crossing 
the layers (Fig. 6.1c-e). During further ARB processing, multiple necking of 
hard Ti layers yielded a dispersed mixture of Al and Ti layers and, finally, a 
composite with Al matrix containing uniformly distributed Ti sheets was 
produced (Fig. 6.1f). 
Figure 6.2 shows the microstructure development within the Al layers in the 
Ti/Al composite observed by TEM after different ARB cycles. After a few 
ARB cycles, the Al layers contained a homogeneous lamellar structure aligned 
almost parallel to the rolling direction. During further ARB processing, two 
kinds of microstructure can be observed in Al layers: one was equiaxed grains 
(near the Ti layers) and the other was the lamellar structure (far away from the 
Ti layers). This type of different grain morphology was also reported by 
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Ohsaki et al. [187] in Cu/Zr multilayered samples. After 12 ARB cycles, the Al 
layers were mostly filled with the equiaxed grains with a mean size of about 
200 nm. Fig. 6.3 shows the TEM micrographs of the Ti layers after different 
ARB cycles. At an early stage of ARB deformation, most of the layers 
contained lamellar structure elongated approximately parallel to the rolling 
direction. However, in the 12 ARB cycles processed Ti/Al multilayered 
composite, the microstructure of the Ti layers became dominated by almost 
equiaxed grains having a mean size of about 300 nm. 
 
Fig. 6.1 SEM backscattered electron images of Ti/Al multilayered composites 
for different ARB cycles. (a) 2 cycle; (b) 4 cycle; (c) 6 cycle; (d) 8cycle; (e) 10 
cycle; (f) 12 cycle 
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Fig. 6.2 TEM bright-field images of Al layers in Ti/Al multilayered composite 
for different ARB cycles. (a) 3 cycle; (b) 6 cycle; (c) 9 cycle; (d) 12 cycle 
 
Fig. 6.3 TEM bright-field images of Ti layers in Ti/Al multilayered composite 
for different ARB cycles. (a) 3 cycle; (b) 6 cycle; (c) 9 cycle; (d) 12cycle 
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The area fractions of the different microstructures for the Al layer shown in 
Fig. 6.2 were evaluated from the TEM micrographs, and the results were 
summarized in Fig. 6.4. It can be seen that the lamellar structure increased 
rapidly during the initial ARB cycles and reached the maximum value of ~83% 
after 6 ARB cycles; then it decreased to ~8% with an increase in the numbers 
of ARB cycles to 12. For the ultrafine equiaxed structure, the area structure 
fraction increased with increasing strain; and the specimen exhibited a 
microstructure consisting of ~85 % equiaxed grains after 12 ARB cycles. The 
fraction of other structure (dislocation wall) decreased and then levelled off 
after 7 ARB cycles. Fig. 6.5 summarizes the mean lamellar length, lamellar 
width and equiaxed grain size of the Ti layer in the Ti/Al multilayer specimens 
after different ARB cycles. The lamellar length increased rapidly during the 
initial stage of ARB cycles and then decreased drastically. The lamellar width 
decreased when increasing the numbers of ARB cycles to 8 and then 
maintained no obvious change with increasing ARB cycles to 12. However, the 
equiaxed grain size decreased slowly between 4 to 7 ARB cycles and kept 
nearly a constant of ~300 nm from 8 to 12 ARB cycles. 
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Fig. 6.4 The area fractions of the different microstructures for Al layer in Ti/Al 
multilayered specimens after different ARB cycles. 
 
Fig. 6.5 The mean lamellar length; width and equiaxed grain size of Ti layer in 
Ti/Al multilayered specimens after different ARB cycles. 
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6.3.2 Mechanical properties 
Fig. 6.6 shows the stress-strain curves of the Ti/Al composite for different 
ARB cycles. The mechanical properties are summarized in Table 6.1. It can be 
seen that the Ti/Al composite produced by increasing number of ARB cycles 
displayed a significant increase in the yield stress and ultimate tensile strength 
while the elongations decreased rapidly. After 12 cycles, the ultimate tensile 
stress reached 627 MPa and the corresponding total elongation was reduced to 
5.2%. Fig. 6.7 shows the Vickers microhardness values for the Ti and Al layers 
obtained at different cycles of ARB process. As the number of ARB cycles 
increased, the microhardness of both the Al matrix and the reinforcing Ti 
layers increased except for a slight decrease towards the end of the ARB 
process, presumably due to the softening caused by thermally assisted 
recovery. Furthermore, the microhardness curves for Al and Ti gradually came 
closer together with increasing number of cycles and almost merged beyond 
eight ARB cycles.  
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Fig. 6.6 Stress-strain curves of Ti/Al multilayered composite for different ARB 
cycles. 
Table 6.1 Mechanical properties of Ti/Al multilayered composite with different 
ARB cycles. 
ARB 
cycle 
Yield stress (offset 
0.2%) (MPa) 
Ultimate tensile 
strength (MPa) 
Uniform 
elongation (%) 
Total elongation 
at fracture (%) 
3 176 204 1.73 24.2 
6 283 342 0.9 16.7 
9 458 563 0.6 8.4 
12 524 627 0.4 5.2 
 
 
 
 
Fig. 6.7 Microhardness variation for Ti and Al layers with number of ARB 
cycles. 
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Fig. 6.8 Variation of engineering strength with number of ARB cycles. 
 
The yield strength and engineering tensile strength (σY) of the Ti/Al 
composites obtained from testing and the tensile strength predicted using a 
simple law of mixtures rule (described below) are given in Fig. 6.8 as a 
function of number of ARB cycles. It can be seen that the measured yield stress 
and ultimate tensile stress values increased slightly after two cycles of ARB, 
but decreased to a minimum in the following two cycles, and then they 
experienced a rising trend reaching the peak at twelve cycles of ARB. The 
observed decrease in strength might be partly related to the development of 
shear bands in the multilayered samples (Fig. 6.1b), which promotes micro-
crack formation and accelerates the failure during tensile testing. With an 
increasing number of ARB cycles, the multilayered material gradually 
developed into the structure in which Ti fragments became homogeneously 
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distributed in Al matrix and the composite microstructure became 
progressively refined through the formation of equiaxed grains, which led to 
the gradual strengthening of the composite. The Yσ can be calculated by the 
mixture rule of composites TiTiAlAl AA σσσ += , where AlA , TiA , Alσ  and Tiσ  
are the cross-sectional areas and tensile strength of relevant Al and Ti layers in 
the Ti/Al composite, respectively. The tensile strength of Al and Ti can be 
obtained from the hardness values using the following conversion: 
3/807.9)(0 DPHMPa ×=σ [225], where DPH is the Vickers hardness value. It 
is obvious that the tensile strength of the Ti/Al composite fits rather well with 
the values obtained by the mixture rule except for between three to five ARB 
cycles. 
6.4 Discussion 
In general, there are two necessary prerequisites for the successful production 
of a multilayered metal composite through the ARB process: multiple necking 
and sufficiently large deformation of the hard phase [226]. Due to the large 
thickness ratio of Al to Ti layers, used in the present work, Al layers undergo 
much larger deformation than Ti layers during initial ARB cycles. As the 
number of ARB cycles increases, the mechanical properties of the severely 
work hardened Al matrix layer and hard Ti layer come closer together (Fig. 
6.7), which promotes multiple necking of Ti layers and leads to a 
homogeneous distribution of Ti layers inside the Al matrix. Finally, a metallic 
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multilayered composite with Al matrix containing homogeneously distributed 
Ti fragmented sheets is successfully obtained. 
The microstructure evolution obtained for the Ti/Al composite in our study is 
very similar to the results found in the early stage of mechanical alloying of 
metal powders. In the present study, Ti and Al layers are deformed during each 
cycle of ARB, although deformation is inhomogeneous for the initial ARB 
cycles. Intimate bonding of the metal layers is progressively achieved with an 
increase in the number of ARB cycles, resulting in a homogeneous composite 
structure with Ti fragments embedded within the Al matrix after the final ARB 
cycle. As for mechanical alloying of metal powders, the distribution of 
elemental metal powders is not uniform in the initial stages of milling, and then 
the repeated welding results in particles with a laminar structure and finally a 
homogeneous structure is formed [227-229]. Thus, it can be concluded that 
cold rolling of metal foils has features that are common with mechanical 
alloying: the metal foils are sheared together and cold welded. However, cold 
rolling involves less input energy and appears to mimic either the early stage of 
high-energy mechanical alloying or mechanical alloying with low energy. 
The equiaxed ultrafine grained structure has been reported in hcp Zr and Ti 
samples processed by ARB process [197,199]. However, there have been no 
reports on ultrafine grains in fcc Al without subsequent annealing; only 
elongated grains were observed in Al even after rolling to high strain (ε=9.6) 
[230]. It was suggested that the fine equiaxed grains in hcp metals resulted 
from the recovery assisted by deformation-induced localized adiabatic heating, 
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together with the combination of large shear and plane strain deformation in 
the surface regions [197,199]. In the present study, the average size of 
equiaxed grains in the Ti layer after 12 ARB cycles (ε=9.6) is about 200 nm, 
which is noticeably larger than the mean equiaxed grain size reported by 
Terada et al. [197]; and the Al layers show ~80% equiaxed grain structure with 
a mean size of 300 nm in the Ti/Al multilayered composite. The following 
factors can be expected to have contributed to the observed formation of the 
ultrafine equiaxed grains in the present Ti/Al multilayered composite.  
Firstly, due to the combination of the absence of lubrication and the surface 
brushing of foils, the shear strain component is relatively large in this study. 
The large shear strain may play an important role in the formation of ultrafine 
grains. Hansen [202] pointed out that intense strain leads to grain subdivision 
by deformation-induced high-angle boundaries, which is critical for ultrafine 
grain formation. Secondly, it is suggested that changing the strain direction or 
strain condition might be an effective method for grain refinement [231-233]. 
Iwahashi et al. [233] illustrated that strain path was very important for the 
formation of ultrafine grains. They found that it was much quicker to obtain 
ultrafine grains by rotating the specimen by 90o between each pass of ECAP. In 
the present ARB process, we reversed the rolling direction after each rolling 
pass. Such a change in strain path may have also contributed to the formation 
of ultrafine grains in the present Ti/Al multilayered composite. Thirdly, the 
deformation-induced localized adiabatic heating is relatively large because of 
the high strain rate (30 s-1). It should also be noted that Ti has a very low 
thermal conductivity (17 WmK-1) while Al has a high thermal conductivity 
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(210 WmK-1). Thus, it is expected that the adiabatic heating localized in the 
foils by ARB deformation was mainly conducted by the Al layers. That is, the 
large increase temperature in Al contributes to the significant recovery of Al 
grains during ARB processing, resulting in a deformed microstructure mainly 
composed of equiaxed grains. Fig. 6.2d indicates that the Al layer at the 
bonding interface has completely recrystallised with obvious grain growth and 
thermal etching has taken place, sharply delineating the grain boundaries. 
 
6.5 Conclusions 
In summary, the Ti/Al multilayered composite were successfully synthesized 
using the ARB process. The Ti/Al composite produced by numerous ARB 
cycles displayed a significant increase in the yield stress and ultimate tensile 
strength. The strain hardening effects led to multiple necks in the Ti layers and 
a homogeneous distribution of Ti layers inside the Al matrix. The high strain 
rate, reversing of the rolling direction after each ARB cycle and the low 
thermal conductivity of Ti are believed to be critical factors for the formation 
of ultrafine equiaxed grains in Ti/Al multilayered composite during the ARB 
process. These results indicate that the processing pathway used in the present 
study may provide an efficient method to produce ultrafine equiaxed grain 
multilayered composites, especially for a bimetal system with different crystal 
structures. 
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C H A P T E R  S E V E N  
The Kinetics of the Two-stage Formation of 
TiAl3 in Ti/Al Multilayeres Prepared by 
Accumulative Roll Bonding 
7.1 Introduction 
The intermetallic compounds of the Ti-Al system, and alloys based on such 
compounds, have great potential for applications in the aerospace and 
automotive industries because their light weight and excellent high temperature 
properties, advanced creep characteristics, and good corrosion resistance 
[234,235]. It has been well established that intermetallic compounds can be 
prepared by means of synthesis in the solid state. Accumulative roll bonding 
(ARB) of multilayered foils followed by the reactions of the intermixed 
structures is a novel technique for solid state production of bulk intermetallic 
alloys [37]. Whilst undergoing ARB alloying, the thickness of the alternately 
stacked metal foils decreases, and intermetallic phase nucleation is restrained, a 
limiting supersaturation for the elemental solution is formed and amorphisation 
of the alloyed phase is found [136,187,236,237]. 
Solid state reactions of multilayered Ti/Al thin films leading to the formation 
of equilibrium and metastable titanium aluminide phases have been 
characterised extensively in the past. The early stages of phase reaction 
between Ti and Al were characterised by the initial formation of TiAl3 in both 
bulk and thin film samples for any composition and for temperatures up to the 
melting point of Al [125-130]. The intermetallic phases, i.e., γ-TiAl, α2-Ti3Al 
and TiAl2, were not observed in the early stages of the reaction. In fact, TiAl3 
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would form at the expense of the pre-existing Ti3Al or TiAl phases in the 
presence of excess Al, indicating its high kinetic and thermodynamic stability 
[131]. Other investigations revealed that a reaction phase of γ-TiAl was formed 
in the Ti/Al multilayers after the TiAl3 phase reached a certain thickness if all 
the Al was consumed [126,122,132], proving that γ-TiAl was the second phase 
formed in the Ti-Al system, followed by the formation of α2-Ti3Al and TiAl2 
which grew together with TiAl3 and γ-TiAl until the terminal phases were 
consumed.  
In general, the sequence of intermetallic phases formation was governed not 
only by the thermodynamics of the alloy system but also the kinetics of the 
reaction process, especially in the early stage of the phase reaction, which 
resulted in an obvious phase selection in the intermetallic phase formation 
process [133]. At present, there are two possible mechanisms that have been 
used to explain the phase selection. Different nucleation barriers give rise to 
different nucleation rates, leading to the phase with the highest nucleation rate 
[134]. Alternatively, different growth velocities of the competing phases result 
in phase selection after different phases’ nucleation [135]. The Ti-Al system is, 
therefore, an appropriate system for studying phase selection and reaction 
kinetics during both nucleation and the growth of different phases in the solid 
state. 
The phase reactions occurring in Ti/Al multilayers prepared by ARB perhaps 
are expected to differ significantly from Ti/Al thin films produced mainly by 
the electron-beam evaporation technique.  Compared to the deposited thin 
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Films, the thickness of the ARB multilayered structure was not uniform, so it 
was difficult to define the bilayer thickness (modulation wavelength) precisely. 
A large number of grain boundaries, sub-grain boundaries, dislocations, as well 
as high strain were introduced into the ARB multilayers. The deformation-
induced mixing process at the interface boundaries is expected to be more 
significant than in deposited thin films. In principle, crystal defects and stresses 
will influence the growth kinetics of diffusion couples and the sequence of 
phase formation [137,138]. In this chapter, multilayered Ti/Al diffusion 
interfaces were prepared using ARB, and the initial inter-diffusion of the Al 
and Ti at the Ti/Al interface was studied. The nucleation kinetics of TiAl3 at 
the Ti/Al multilayered interfaces, and the growth kinetics of the TiAl3 were 
highlighted. 
7.2 Experimental procedures 
Ti/Al multilayers were prepared by rolling thin foils of commercially available 
pure Ti (99.99 wt %) and Al (99.97 wt% Al) with the same initial thickness of 
50 μm. The foils were roughened with a steel brush, cleaned in acetone 
ultrasonically, and then cut into 30 mm × 10 mm sheets. 26 pieces of Ti and 25 
pieces of Al were stacked in an alternating sequence to form a “sandwich” with 
a total thickness of 2.0 mm. The sandwich sample was placed in a titanium foil 
bag to prevent contamination, and then cold rolled to a thickness of 1.0 mm. 
The samples were then cut in half and the surface again cleaned in acetone. 
The two halves were then placed together, thereby returning to their original 
thickness. They were then cold rolled again using the same distance between 
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cylinders. This process is defined as one ARB cycle. Ti/Al multilayered 
samples were prepared by the ARB process to a maximum of 20 cycles for the 
present study. The phase reactions were investigated by differential scanning 
calorimetry (DSC, Pyris Diamond) in an argon atmosphere at a heating rate of 
40 oC/min. Based on the result of the DSC, the as-rolled Ti/Al samples were 
heated to the temperatures of 280 oC, 330 oC, and 450 oC in a high vacuum 
furnace (G-VAC 12) at the same heating rate as the DSC. The reaction phases 
were characterized by X-ray diffraction (XRD) using Cu Kα radiation (X’ Pert 
Pro MPD). Microstructures of the multilayered structure were examined using 
a scanning electron microscopy (SEM, Leica S440). 
7.3 Results and discussion 
7.3.1 Phase reaction 
The DSC curves of the Ti/Al multilayered samples after different ARB cycles 
are shown in Fig. 7.1. In the DSC investigation, samples were heated from 20 
oC to 600 oC at 40 oC/min. It can be seen that the DSC curves show two 
exothermal peaks; one is labelled A at about 330 oC and the other is labelled B 
at about 450 oC. The DSC cures in this study are very similar in appearance to 
the DSC traces obtained from the Ti/Al thin films deposited by the triode 
magnetron sputtering described by Michaelsen et al. [122,238]. DSC traces 
taken from Ti/Al samples with different ARB cycles showed the same two-
stage reaction thermal behaviour. The reactions depended upon the number of 
ARB cycles, up to 500 oC, revealed that the two exothermal peaks A and B 
could be attributed to the phase reactions between the Ti/Al interfaces. Fig. 7.2 
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shows the XRD spectra of the Ti/Al multilayered samples after 20 ARB cycles 
and the subsequent heating to different temperatures determined from the DSC 
traces. For the samples heated to 280 oC, distinguishable diffraction peaks 
attributable to hcp Ti and fcc Al appeared in the spectrum and no obvious 
reactions between the Ti and Al were observed, as shown in Fig. 7.2 (a).  After 
heating at 330 oC, the temperature of the first exothermal peak on the DSC 
curves, the diffraction peaks of Ti and Al decreased and new peaks belonging 
to TiAl3 appeared. Some peaks of Ti and Al continued to decrease and some 
peaks disappeared completely but meanwhile peaks attributable to the TiAl3 
phase became sharp after heating to the temperature of the second exothermal 
peak on the DSC trace, 450 oC. 
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Fig. 7.1 DSC curves of Ti/Al multilayered samples after different ARB cycles. 
(a) 10 cycles; (b) 15 cycles; (c) 20 cycles 
Fig. 7.3 presents the SEM cross sectional micrographs of the Ti/Al 
multilayered samples after 10 ARB cycles and after heating to 330 oC and 450 
oC. Comparing Fig. 7.3 (a) to Fig. 7.3 (b), it can be seen that a continuous new 
phase interlayer formed between the Ti and Al after heating to peak A (330 oC) 
and that this new phase became thicker after heating to the temperature of peak 
B (450 oC). From the above discussion, it can be concluded that the two peaks, 
A and B, indicated in Fig. 7.1 should be attributed to the formation of a new 
TiAl3 phase. More specifically, it is proposed that the first peak A represents 
the growth of the continuous interface layer of the TiAl3 phase formed between 
the elemental layers, and the second peak B corresponds to the one-
dimensional thickening of  the TiAl3 phase. 
The double-peak behaviour in the DSC traces representing the formation of a 
new phase is well known from investigations of Ti/Al thin film samples with 
different layer thickness produced by sputter-deposition [122, 238]. Michaelsen 
et al. [238] found that the elemental bilayer thickness (modulation 
wavelength), L had a great influence on the reactive phases in Ti/Al thin film 
samples deposited by triode magnetron sputtering. With a decrease in the 
elemental bilayer thickness, the two exothermal peaks shifted to lower 
temperatures. The DSC traces of the Ti/Al multilayered samples produced by 
the ARB process were very similar to the DSC traces of sputter-deposited 
Ti/Al thin film samples. It can be seen in Fig. 7.1, that with an increase in the 
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number of ARB cycles, the elemental bilayer thickness decreased, that the 
starting of the reaction occurred at a lower temperature and that the amount of 
heat involved in the first reactive stage (peak A) increased correspondingly. 
 
 
Fig. 7.2 XRD patterns of Ti/Al multilayered samples after 20 ARB cycles and 
the subsequent heating to (a) 280 oC; (b) 330 oC; (c) 450 oC. Arrows indicating 
the peaks belonging to TiAl3. 
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Fig. 7.3 SEM cross-sectional micrographs of Ti/Al multilayered samples after 
10 ARB cycles and heated to (a) 330 oC and (b) 450 oC. 
It is interesting to compare the reaction kinetics observed in sputter-deposited 
thin film samples with the ARB processed multilayered samples. Compared to 
sputter-deposited thin film samples, the layer thickness of the ARB 
multilayered samples was not uniform, thus it is difficult to define the 
modulation wavelength for the ARB multilayered samples precisely. However, 
Ti/Al multilayered samples produced by the ARB process showed clear 
double-peak behaviour in the DSC traces. Moreover, the exothermal peak 
temperature and the reactive heat varied in the same systematic manner as in 
the thin films. With an increase in the number of ARB cycles, there was a clear 
trend for the reactive temperature to decrease. This similar behaviour in DSC 
traces revealed that in spite of the apparently non-uniform layer thickness in 
the Ti/Al multilayered samples developed during the ARB process, the 
distribution of the layer thickness was either not broad enough to lose the main 
features of the reactive behaviour or else the double-peak behaviour for the 
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formation of TiAl3 in the DSC traces was not very sensitive to any large spread 
in the layer thickness.  
In the ARB process, the inhomogeneous stress distribution resulted in the 
complex layer development which was described as fracture or multiple 
necking. Observations of the evolution of Ti layers demonstrated clearly that 
the shape instabilities led to necking and that the separation of Ti layers 
eventually yields a relatively homogenous multilayered structure, but this 
phenomenon was not evident until the number of ARB cycles reached 10. 
7.3.2 Isothermal analysis 
Previous studies [124,239,240] indicated that the generation of the Al rich 
phases in thin films, such as NbAl3 and NiAl3, was a two stage process that can 
be described by the model of Coffey et al. [123]. The first stage was interpreted 
as the lateral growth of the product phase from heterogeneous nucleation sites 
in the direction parallel to the layer interface and its subsequent coalescence 
into a continuous layer. The second stage was the thickening of the continuous 
layer in the direction perpendicular to the interface. 
 In order to better understand the nucleation, isothermal DSC was conducted 
with Ti/Al multilayered samples prepared by ARB. To reduce the transient 
effects in the DSC trace, samples were heated to 260 oC (20 oC below the 
desired hold temperature) at a heating rate of 80 oC/min and held at this 
temperature for 10 minutes, then heated again at  the heating rate of 80 oC /min 
to the hold temperature 280 oC. The isothermal DSC curve of the Ti/Al 
multilayered samples after 15 ARB cycles is shown in Fig. 7.4. The most 
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striking feature of this DSC curve (black line) is the occurrence of a bell-
shaped exothermal peak, which can be attributed to the nucleation and growth 
of TiAl3. The decrease in the signal at the beginning of the DSC curve was due 
to the formation of a solid solution through the interdiffusion between the 
Ti/Al interfaces. The bell-shaped peak in Fig. 7.4 was not consistent with the 
thickening of a continuous layer of nucleated TiAl3. Thickening of a layer will 
simply yield a constant (interface reaction limited) or constantly decreasing 
DSC signal (diffusion limited) [124]. Thus, we believe that the bell-shaped 
peak in the isothermal DSC curve is an indication of a nucleation and growth 
process of the intermetallic compound TiAl3. 
 
Fig. 7.4 Typical isothermal DSC curves (black line) of Ti/Al multilayered 
sample after 15 ARB cycles, and holding at a constant temperature of 280 oC. 
The red line is for the DSC trace calculated using Eq. (2) with n= 2.45 
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The Johnson-Mehl-Avrami (JMA) analysis [241] gives the volume fraction for 
the random dispersion transformed region vX  in an isothermal nucleation and 
growth process, which can be described by the JMA equation [124, 241] 
)exp(1 nv KtX −−=                                                                                            (1)             
K  incorporates the rates of nucleation and growth; t  is the annealing time and 
n  is Avarami constant, which depends on the nucleation mechanism and the 
growth morphology, and varies between 0.5 and 4 [241]. 
The DSC signal dtdH /  is proportional to the rate of the phase transformation, 
dtdX v / . Thus, for isothermal annealing, by differentiating Eq. (1), we have 
)exp(1 nnv KtnKt
dt
dX
−= −                                                                                    (2) 
As shown in Fig. 7.4, the dashed line calculated using equation (2) gives an 
excellent description of the measurement. This curve fit yields an Avarami 
constant 45.2=n . This value is much larger than the value found in Ti/Al thin 
films with modulation wavelength 10 nm at 530K, where  n  was about 1 
[238]. 
Based on the above, we have concluded that the first exothermal peak in the 
DSC curves represents a nucleation and growth process and that it can be 
analysed by the JMA model. In the JMA model, the Avarami constant n  has a 
value of 3 (for a constant number of nuclei) or 4 (for a constant nucleation rate) 
for a three-dimensional process. For a two-dimensional process, n will be 2 or 
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3. Ma et al. [124,] modified the two-dimensional process to a diffusion control 
thickening of the cylindrical nuclei in additional to the radial growth, where 
5.2=n or 5.3 . Therefore the n value in our work was consistent with the 
modified two-dimensional model for a fixed nuclei population, a constant in-
plane growth rate and diffusion limited growth in the Z direction. However, our 
n value was much greater than that which was found in the Ti/Al thin films 
with modulation wavelength 10 nm at 530K, where n  was found to be close to 
1 [238]. The larger n  value found in this research may come from the 
formation of a precursor phase for the solid solution or a new amorphous phase 
during the ARB process or during the DSC annealing hold process. A limiting 
supersaturation for elemental solution and amorphisation of the alloyed phase 
in the ARB process has previously been reported [136,187,236,237]. The 
decreasing signal at the beginning of the DSC trace in Fig. 7.4 provides the 
evidence of the formation of a solid solution through the inter-diffusion in the 
DSC annealing hold process. 
7.3.3 Reaction model 
The phase formation in the early stage of deposited thin films, e.g. Ni/Al and 
Nb/Al, is a two stage process which is described by the model of Coffey et al. 
[123]. The first stage is the nucleation and lateral growth of a new phase at 
internal interfaces between elemental layers and its subsequent coalescence 
into a continuous layer. The second stage was the vertical growth of such 
layers. The model [123] describes the heat released per unit time dtdH / for the 
new phase in a constant-heating rate DSC scan by the equation 
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][
maxmax dt
dZ
Z
X
Z
Z
dt
dXVH
dt
dXVH
dt
dH aa
V
V
V +==                                                  (3) 
where V is the sample volume, VH is the volumetric heat of formation for the 
new phase, VX  is the volume fraction transformed, aX  is the area fraction of 
the new phase in a parallel plane to the original layers, Z is the thickness of the 
new phase and maxZ  is the maximum thickness that the new phase grows to. 
When LZ = , the reaction is complete and the normal growth rate drops 
discontinuously to zero. 
Nucleation and lateral growth are limited by impingement in the interface 
plane and can be expressed by [124] 
)exp()(2 200 rndt
drrn
dt
dX a ππ −=                                                                           (4) 
where r is the radius of the cylinder of the new phase, given by 
)exp(0 Tk
QK
dt
dr
B
i
i −=                                                                                          (5) 
where 0iK and iQ are the interface-limited growth factor and activation energy, 
respectively. Bk is the Boltzmann constant. 0n , the nucleation site density, has 
been found to vary with the elemental bilayer thickness L , according to 
2
0 /1)( LLn = [124]. 
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After nucleation, the precipitates were believed to have an initial thickness 0Z , 
which was independent of the reaction length. The thickening of the new phase 
can be modelled by diffusion-limited growth with a growth rate [124] 
)exp(0
Tk
Q
Z
K
dt
dZ
B
dd −=                                                                                       (6) 
where 0dK and dQ are the diffusion-limited growth factor and activation 
energy, respectively.  
All of the parameters required for Eq. (3) are given in Table 1. Some of the 
parameters were taken from Ref. [122,124]; others were obtained by the 
methods in Ref. [124,242]. A comparison of the experimental DSC curve 
(black line) with the curve calculated using the above model (red line) is shown 
in Fig. 7.5. It can be seen that the model failed to produce important features of 
the experimental DSC curve; in particular the position of the two peaks, their 
relative area and the width of the double peaks. Since the model was developed 
for the well defined bilayer thickness L multilayered thin film samples, the 
unsatisfactory results of the model for ARB multilayered samples can be easily 
understood. In the ARB process, severe plastic deformation for the Ti/Al 
multilayered samples causes plastic instability in the Al layers to happen earlier 
than in the Ti layers due to their different mechanical properties. As the strain 
increases, the layers experience necking and fragmentation, which leads to the 
chaotic distribution of layer thickness in the Ti/Al multilayered samples. Thus 
the model of well-defined L thin films samples failed to fit the samples 
produced by ARB process. 
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Table 7.1 Parameters used for the calculation of the DSC curves 
     Parameter Definition          Value 
          0Z  Precipitate length                                                                                      nm10 [122,]
          0n  Nucleation site density                                                                              2/1 L  [124] 
          0iK  Interface-limited growth factor          
          0dK  Diffusion-limited growth factor                                                               
          iQ  Activation energy for interface-limited 
growth 
 
          dQ  Activation energy for diffusion-limited 
growth                                           
 
 
In order to obtain more quantitative results, the DSC curves have been 
analysed using a modified kinetic model [136]. In the modified model, a 
reaction length distribution function )(LF was defined so that dLLVF )(  
represents the total volume of all layers in the Ti/Al multilayered sample 
prepared by the ARB process that have reaction lengths between L and dLL + . 
By definition, )(LF  was normalized so that ∫
∞
=
0
1)( dLLF . The reactive heat is 
then expressed by 
dL
dt
LdHLFV
dt
dHtotal ∫
∞
=
0
)()(                                                                              (7) 
jL was defined as the reaction length to facilitate the numerical analysis of a set 
of N discrete classes (typically 80=N ), then 
)
2
(
)(
)( 11
1
−+
=
−
= ∑ jjj
N
j
j
total LL
dt
LdH
LFV
dt
dH                                                         (8) 
snm /105.7 212−×
snm /102.4 212−×
molJ /107.2 19−×
molJ /103.3 19−×
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In Ti/Al multilayered samples, a certain number of new interfaces introduced 
by severe deformation may have a smaller layer thickness than the initial 
precipitate size in the Ti/Al thin film samples, Z0 =10 nm in Ref. [122]. It is 
also known that when ARB alloying is undertaken, then the multilayered 
samples intermix, and the width of the intermixed layers is limited by the 
diffusion field impingement from neighbouring interfaces when this width is 
comparable to the layer thickness [243]. So it is concluded that the initial 
precipitate size in the Ti/Al multilayered samples prepared by the ARB process 
probably depends on the degree of intermixing before nucleation, and Z0 can 
have a range of values in the ARB samples. This effect has been modelled by 
considering Z0 being a function of the bilayer thickness L , according to the 
relation [136] 
ppp LZLZ /1*0 )/1/1()(
−+=                                                                                (9) 
when p is positive, Eq. (9) leads to the limiting values LLZ →)(0 at small 
reaction lengths and *0 )( ZLZ → at large reaction lengths. 
It is also necessary to consider the dependency of the lateral growth on Z. It 
was expected that the growth rate for the process of interface-limited controlled 
lateral growth would vary as the inverse of the diffusion distance, that is 
as Z/1 . On this basis, a functional form for an effective factor for lateral 
growth that incorporates this dependency in the numerical analysis is  
)](/10[0
*
0 LZnmKK ii =                                                                                    (10) 
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which is substituted for 0iK  in Eq. (5). 
With the above modifications in the reaction kinetics model, taking L1=5 nm 
and varying p and Z* by increments of 0.5 and 5 nm, respectively, the modified 
model yielded a good agreement with the experimental DSC curve at p = 2 and  
Z* =60 nm. In Fig. 7.6, the experimental DSC trace of the Ti/Al multilayered 
samples after 20 ARB cycles (black line) and the DSC trace calculated using 
the modified model (red line) were compared. As demonstrated in Fig. 7.6, the 
modified model achieved quite satisfactory agreement with the experimental 
DSC curve in the shape and magnitude of peaks. Although the microstructures 
of the Ti/Al multilayered samples prepared by the ARB technique do not 
reveal a precisely defined wavelength, the Ti/Al multilayered samples do show 
clear evidence for a well-defined double exothermal reaction behaviour. In 
spite of the apparent chaos in the layer thickness of the Ti/Al multilayered 
samples, the distribution of layer thickness is not broad enough to lose the 
main features of the double exothermal behaviour. The application of the 
model [124], together with some modifications [136], shows that qualitative 
agreement can be obtained, and reveals some kinetic properties for TiAl3 
formation in Ti/Al multilayered samples produced by the ARB process. 
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Fig. 7.5 DSC curves of Ti/Al multilayered sample after 20 ARB cycles (black 
line). The red line is for the DSC trace calculated using the kinetic model 
adopted from Ref. [124]. 
 
Fig. 7.6 DSC curves (black line) of Ti/Al multilayered sample after 20 ARB 
cycles. The red line is for the DSC trace calculated using the modified kinetic 
model. 
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7.4 Conclusions 
The early stage of the formation of the first intermetallic phase that forms at the 
interface in ARB Ti/Al multilayered samples was investigated. The 
combination of thermal and microstructural analysis gives a systematic 
analysis of kinetic and thermodynamic information regarding the TiAl3 
formation in the ARB samples. A modified model based on thin film reaction 
has been processed. Based on experimental evidence and analysis, the results 
are summarised as follows: 
1. A two-stage formation process of TiAl3 was observed in ARB Ti/Al reactive 
multilayered samples, which was similar to the results found in thin film Ti/Al 
diffusion couples [238,240]. Although the layer thickness that developed 
during ARB process appeared chaotic, the similarity in double-peak 
exothermal behaviour between Ti/Al thin films and ARB Ti/Al multilayered 
samples suggested that the double-peak behaviour is insensitive to a large 
spread in layer spacing. 
2. The kinetics of the reactive phase TiAl3 formation in the ARB Ti/Al 
multilayered samples is different to Ti/Al thin films deposited by triode 
magnetron sputtering. When ARB alloying is undertaken, the progressive layer 
refinement yields a layer intermix across the interface, leading to initial Ti-Al 
solutions in the intermetallic compound formation. This step leads to a larger 
Avarami constant in ARB Ti/Al samples than the value found in Ti/Al thin 
films. 
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3. The kinetic characteristics for nucleation and lateral growth and a 
subsequent thickening of reactive formed TiAl3 in ARB Ti/Al multilayered 
samples can be explained by a modified model based on thin films [124,136], 
in which the distribution of layer spacing has been considered.   
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C H A P T E R  E I G H T  
Conclusions and Suggestions for Future 
Work 
8.1 Introduction 
This research has developed an improved understanding of the structure -
property relationships, fabrication technology and deformation mechanism of 
light bulk UFG/NS materials and metallic multilayered structure. There were 
three main objectives for this study. The first was to develop a new fabrication 
process to obtain high strength and high ductility in commercial-purity 
titanium with a multimodal grain structure. The second was to investigate the 
nanograin formation during shear localization in cold-rolled titanium and to 
reveal the grain refinement mechanism in hcp metals. The third was to develop 
a high strength Ti/Al multilayered structure using accumulative roll bonding 
and to investigate the reaction kinetics between the interfaces of Ti/Al 
multilayers. 
Bulk titanium and various metal foils were used in the experimental program 
and were subjected to cold rolling, accumulative roll bonding, cryorolling and 
subsequent annealing. It was found that these severe plastic deformation 
methods can achieve coexisting high strength and high ductility in bulk 
titanium and some of the mechanisms of the microstructure refinement within 
cold-rolled titanium might be also applicable to other severe plastic 
deformation processes. For a metallic multilayered structure, it was found 
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accumulative roll bonding is a novel method to obtain good bond strength 
between metallic multilayers and lead to interdiffusion at the interface of Ti/Al 
multilayers. 
This chapter provides a conclusion to this research summarising the results and 
discussion reported in chapter 3 to 7 and offers a number of suggestions and 
recommendations for future research. 
8.2 Conclusions 
8.2.1 Improving strength and ductility of bulk titanium via 
severe plastic deformation 
Accumulative roll bonding, cold rolling and cryorolling were employed to 
improve the strength and ductility of bulk titanium through a modified 
microstructure. A combination of high strength and high ductility was achieved 
in bulk titanium with a multimodal grain structure. The conclusions are 
summarised below: 
By refining grains and modifying the grains size distribution in a multimodal 
grain structure in hcp titanium through cryorolling plus short time annealing, a 
combination of a high yield strength of 943 MPa and a large uniform 
elongation of 11% can be achieved. The strength enhancement was mainly 
derived from the ultrafine equiaxed grains, while the improved ductility 
attained was due to the large fraction of HAGBs, coarse grains, non-
equilibrium grain boundary configuration and the multimodal grain structure. 
In particular the twins, that are prevalent in hcp structure materials during low 
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strain deformation, occurred in the coarse grains, which allowed for the 
dislocation accumulation at the twin boundaries, enhancing the strain 
hardening rate via the Hall-Petch hardening mechanism. The present study 
demonstrates the feasibility of processing a bimodal /multimodal structure to 
improve the uniform elongation and high strength in hcp titanium. 
8.2.2 Microstructure refining mechanisms during shear 
localisation in cold-rolled titanium 
A detailed TEM investigation of the microstructure evolution within the areas 
of localised shear in commercial-purity titanium subjected to heavy cold 
rolling was performed. The microstructure evolution within the shear 
localisation areas, formed in commercial-purity titanium during cold rolling 
deformation, has been systematically investigated. It seems plausible that some 
of the mechanisms of the microstructure refinement within the shear 
localization areas suggested in the present work might be also applicable to the 
SPD processes. The following conclusions can be drawn from this 
investigation: 
Sheared micro-regions are first initiated at low strains and further shear 
localization with increasing strain leads to the formation of distinct 
microscopic shear bands, inclined to the rolling direction at about 40°, 
containing a mix of thin lath structures and elongated subgrains. The 
microscopic shear bands gradually grow and finally coalesce to form a 
macroscopic shear band containing thin lath structures in the boundary regions, 
fine elongated subgrains in the outer areas and roughly equiaxed (sub)grains 
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with a mean size of about 70 nm in the centre region. The early stage of shear 
localisation involves the formation and multiplication of mechanical twins, 
giving rise to the twin/matrix lamellar structure aligned along the shear 
direction.  The twin/matrix lamellae subsequently undergo gradual splitting 
into thin laths through the formation of longitudinal dislocation walls as well as 
progressive transverse breakdown via the formation of transverse dislocation 
boundaries, which gives rise to the fine elongated subgrains. The continuing 
thermally-assisted lath breakdown, in conjunction with lateral sliding and 
lattice rotations, ultimately leads to the formation of a mix of roughly 
equiaxed, nanosized (sub)grains and grains in the macroscopic shear band 
centre at large strains. The gradual microstructure fragmentation process within 
the shear localization areas might be described within the Risø framework of 
deformation microstructure evolution by slip processes. 
8.2.3 Effects of deformation-induced heating on bond strength 
of rolled metal multilayers 
The bond strength of various metal multilayers produced by cold rolling of 
metal foils with different thermal conductivity was investigated. Some new 
findings on the bond strength were found and the relationship between the 
deformation-induced localized heating and the bond strength was discussed in 
this work. Conclusions from this aspect are summarized below: 
It was found that the metallic multilayer system with a low thermal 
conductivity has relatively high bond strength while the higher thermal 
conductivity metal system may fail to be roll bonded. It was concluded that 
bonding was not achieved for the rolled Cu/Nb, Cu/Fe and Cu/Al systems. 
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However, the rolled Al/Ti, Al/Nb and Al/Fe showed full bonding with bond 
strength of 52.4 MPa, 36.8 MPa and 17.6 MPa, respectively. The rolled Cu/Ti 
exhibited a poor quality bond with a low bond strength of 7.5 MPa. The 
relationship between the deformation-induced localized heating and the bond 
strength was discussed. The deformation-induced localized heating in the low 
thermal conductivity metal multilayer systems may provide opportunities for 
achieving a successful accumulative roll bonding or a “cold roll/heat 
treatment/cold roll” process to synthesize metallic multilayer materials. 
8.2.4 Ti/Al multilayers produced by ARB 
Ti/Al multilayered composite mainly composed of ultrafine equiaxed grains 
with mean size of 200 - 300 nm has been successfully synthesized by ARB.  
The following conclusions can be drawn from this investigation: 
The Ti/Al composite produced by numerous ARB cycles displayed a 
significant increase in the yield stress and ultimate tensile strength. The strain 
hardening effects led to multiple necks forming in Ti layers and a 
homogeneous distribution of Ti layers inside the Al matrix. The high strain 
rate, reversal of the rolling direction after each ARB cycle and the low thermal 
conductivity of Ti are critical factors for the formation of ultrafine equiaxed 
grains in the Ti/Al multilayered composite during the ARB process. These 
results indicate that the processing pathway used in the present study may 
provide an efficient method to produce ultrafine equiaxed grain multilayered 
composites, especially for a bimetal system with different crystal structures. 
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8.2.5 The kinetics of the formation of TiAl3 in Ti/Al multilayers 
As for the reaction kinetics of the solid-state reaction in the Ti/Al multilayers, 
the early stage of the formation of the first intermetallic phase was 
investigated. The combination of thermal and microstructural analysis gives a 
systematic collection of kinetic and thermodynamic information regarding the 
TiAl3 formation in the ARB samples. A modified model based on thin film 
reaction has been processed. Based on experimental evidence and analysis, the 
results are summarised as follows: 
A two-stage formation process of TiAl3 was observed in ARB Ti/Al reactive 
multilayered samples, which was similar to the results found in thin film Ti/Al 
diffusion couples. Although the layer thickness that developed during ARB 
process appeared chaotic, the similarity in double-peak exothermal behaviour 
between Ti/Al thin films and ARB Ti/Al multilayered samples suggested that 
the double-peak behaviour is insensitive to a large spread in layer spacing. The 
kinetics of the reactive phase TiAl3 formation in the ARB Ti/Al multilayered 
samples is different to Ti/Al thin films deposited by triode magnetron 
sputtering. When ARB alloying is undertaken, the progressive layer refinement 
yields a layer intermix across the interface, leading to initial Ti-Al solutions in 
the intermetallic compound formation. This step leads to a larger Avarami 
constant in ARB Ti/Al samples than the value found in Ti/Al thin films. The 
kinetic characteristics for nucleation and lateral growth and a subsequent 
thickening of reactive formed TiAl3 in ARB Ti/Al multilayered samples can be 
explained by a modified model. 
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8.3 Suggestions for future work 
To continue the research in this area, the following directions are suggested to 
be followed: 
The high strength of Ti/Al multilayers processed by ARB was obtained in this 
study, but the ductility of the Ti/Al multilayers after ARB became relatively 
low. In order to improve the ductility of the metal processed by ARB, the Ti/Al 
multilayers were annealed after the ARB process. However, due to the large 
difference between the melting points of Ti and Al, it was impossible to obtain 
any improvement in ductility of the Ti/Al multilayers process by ARB via 
annealing. Thus other alternative methods should be developed to regain the 
strain hardening ability in Ti/Al multilayers. One possible method to achieve 
the uniform tensile deformation of the Ti/Al composite is deformation at low 
temperature or high strain rates. The materials, which lack of hardening ability, 
may regain the ability to work harden due to suppressed dynamic recovery in 
the low temperature. Another method may lead to work harden of Ti/Al 
Composite is to take advantage of the elevated strain rate sensitivity of the flow 
stress of the ultrafine grained materials. Based on this, high strength and high 
ductility could be achieved simultaneously in the Ti/Al multilayers. 
γ-TiAl alloys are one of the potential candidate materials for advanced jet and 
automobile components. This is because they are light in weight and have 
excellent high-temperature properties. Presently, γ-TiAl alloys are processed 
using two conventional methods: ingot metallurgy and powder metallurgy. 
These processes are reliable and have supplied considerable material. However, 
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neither of these methods directly processes γ-TiAl with good compositional 
uniformity and a fully lamellar microstructure. Additional processing steps 
such as extended heat treatments and mechanical alloying are required to 
improve the properties to desirable levels. These additional operations result in 
a coarsening of the lamellar microstructure and sometimes disrupt unstable 
lamellar microstructures. Chapter 6 in this thesis describes the work on ARB of 
Ti and Al foils which is technologically interesting as it can be used as a 
precursor method for the production of intermetallic γ-TiAl sheet. Chapter 7 
shows that annealing Ti/Al multilayers leads to the first stage formation of 
intermetallics TiAl3. If the Ti/Al multilayers were subjected to a high 
temperature annealing after the first reaction stage, it can be expected that the 
TiAl3 and Ti would result in the formation of γ-TiAl. Thus it is useful to 
investigate ARB of Ti and Al foils followed by annealing as a simplistic 
method for processing γ-TiAl laminates. 
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